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Nanoconfinement
Abstract
The physical properties e.g. dynamics, mechanics, etc., of polymers can change drastically under
nanoconfinement. For example, confinement to free-standing thin films leads to an enhancement in the
segmental dynamics, and changes in the chain conformation lead to changes in the entanglement density
in confined polymers. Understanding the impact of confinement on the physical properties of polymers is
helpful to guide the development of new polymer materials. For the first part of my thesis, we investigate
the conformations and dynamics of polymer melts under porous-like confinement and compare the
behaviors of rings with linear melts under planar confinement. By simulating linear melts confined in a
diamond network geometry with two characteristic length scales mimicking porous confinement, we find
chain disentanglement increases diffusivity of entangled polymers along confined channels compared to
the bulk and there is competing effects between the local friction near the wall and chain
disentanglement. In the study of ring melts under planar confinement, we demonstrate that the chain
dynamics of rings are primarily affected by the friction from walls based on monomeric friction
coefficient analysis. For the second part, we investigate the role of both segmental dynamics and
changes in entanglement density on the mechanical response of glassy polymer films under uniaxial
tension using molecular dynamics simulations. We demonstrate that not all entanglements carry
significant load at large deformation, and our analysis allows the development of a model to describe the
number of load-bearing entanglements per chain as a function of blend ratio. The film strength measured
experimentally, and the simulated film toughness are quantitatively described by a new model that only
accounts for load-bearing entanglements. Varying the film thickness uncovers competing effects
between the reduction in entanglement density and changes in the segmental dynamics. From the
mechanical study of diblock copolymer films, we notice that the toughness of the films with fingerprint
morphologies is larger compared to homopolymers due to increase in the randomness of domain
orientations and entanglements. Our studies of the film mechanics provide molecular insight into how
segmental mobility and entanglements interplay with position and morphology to control the mechanics
of thin polymer films.
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ABSTRACT
UNDERSTANDING THE DYNAMIC AND MECHANICAL PROPERTIES OF POLYMERS UNDER
NANOCONFINEMENT
Tianren Zhang
Robert A. Riggleman and Karen I. Winey

The physical properties e.g. dynamics, mechanics, etc., of polymers can change drastically
under nanoconfinement. For example, confinement to free-standing thin films leads to an
enhancement in the segmental dynamics, and changes in the chain conformation lead to
changes in the entanglement density in confined polymers. Understanding the impact of
confinement on the physical properties of polymers is helpful to guide the development of
new polymer materials. For the first part of my thesis, we investigate the conformations
and dynamics of polymer melts under porous-like confinement and compare the behaviors
of rings with linear melts under planar confinement. By simulating linear melts confined
in a diamond network geometry with two characteristic length scales mimicking porous
confinement, we find chain disentanglement increases diffusivity of entangled polymers
along confined channels compared to the bulk and there is competing effects between the
local friction near the wall and chain disentanglement. In the study of ring melts under
planar confinement, we demonstrate that the chain dynamics of rings are primarily affected
by the friction from walls based on monomeric friction coefficient analysis. For the second
part, we investigate the role of both segmental dynamics and changes in entanglement
density on the mechanical response of glassy polymer films under uniaxial tension using
molecular dynamics simulations. We demonstrate that not all entanglements carry
significant load at large deformation, and our analysis allows the development of a model
v

to describe the number of load-bearing entanglements per chain as a function of blend ratio.
The film strength measured experimentally, and the simulated film toughness are
quantitatively described by a new model that only accounts for load-bearing entanglements.
Varying the film thickness uncovers competing effects between the reduction in
entanglement density and changes in the segmental dynamics. From the mechanical study
of diblock copolymer films, we notice that the toughness of the films with fingerprint
morphologies is larger compared to homopolymers due to increase in the randomness of
domain orientations and entanglements. Our studies of the film mechanics provide
molecular insight into how segmental mobility and entanglements interplay with position
and morphology to control the mechanics of thin polymer films.
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CHAPTER 1
1.1

Introduction

Polymer under Nanoconfiments

Confined polymers have been an active area of study as their applications due to the rapid
growth of their applications (e.g., nanolithography in semiconductor manufacturing, thin
films and coatings, polymer-filled nanoporous materials, etc.)1–3. Therefore, understanding
the impact of nanoscopic confinement on the behavior of polymers is crucial to the success
of this field. Many scientific studies have been conducted on dynamics and conformations
of polymers with different geometries, including nanoparticles (NPs), planar thin films,
and cylindrical confinement. Most previous work has focused on systems with linear
polymers under uniform confinement where there is one characteristic length scale of
confinement. However, there are applications, such as nanocomposites and in polymerinfiltrated random pore network confinement that are used as porous electrodes, where
multiple length scales could be at play. In addtion. The polymers with different architecture,
such as rings and stars, under confinement have not been fully explored.
1.1.1

Polymer Conformations

The knowledge regarding the chain conformations of polymer melts has been very well
established for decades. Ideal chains are defined as those that have no interactions in
between if the monomers on the chain are far apart, and the movements of which can be
described by random walk statistics where the motions of the chains are independent of the
previous steps. One of the simplest models of an ideal chain is the freely jointed chain
model that proposed by Flory and Kuhn with uncorrelated bond orientations. 4,5 Based on
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the random walk approach, the end-to-end distance of the freely jointed chain with N Kuhn
segments is given by
"
< "!!
> = & " ',

where & is the Kuhn length.

(1.1.1)

In addition to end-to-end distance, the square radius of gyration "# is another
quantification to describe the chain conformations. The square radius of gyration "# is
calculated from the square of the distance of a monomer from the center of mass of the
chain
'

"#"

1
=
+("$ − "%& )" ,
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(1.1.2)

$()

where "%& = ∑'
$() "$ /(' + 1) is the center of mass of the chains. For ideal chains, the
mean-square radius of gyration can be converted to < "#" > = & " '/6. Compared to endto-end distance "!! , which is only applied to the linear chains, "# is suitable for any chain
architecture, such as stars, rings, etc.
For confined polymers, only a few theoretical models were developed to describe
chain conformations in uniformed confinement, such as thin films and cylinder
confinement. Silberberg explored polymer chain conformations based on Flory’s theory
and noted that the conformations of polymer are compressed along the direction
perpendicular to boundaries, while along the direction parallel to the boundaries, the
conformations remain the same as the bulk. When taking the excluded volume effect into
account, Cavallo et al. found that the conformation of chains are extended along the
direction parallel to the boundaries in highly confined systems and similar trends were
2

observed by Sussman et al.6,77 Meanwhile, Sussman et al. developed a theoretical approach
to accurately predict the chain conformations by treating the chains as ideal chains and
extended the model into the cylindrical confinement where the polymers are confined by
curved surfaces.6
1.1.2

Polymer Entanglements

When the molecular weight of a polymer is large, in the melt chains twist and wrap around
each other to form tangled mess due to the flexibility of the chains, which forms topological
constraints that hinder the motion of the chains. Those topological constraints are called
“entanglements”, which is critical in determining mechanical, dynamic, and rheological
properties. In the Edwards’ tube model, the motion of the entangled polymers is restricted
into a virtual tube that is formed by topological constraints by the surrounding polymers5.
In melts, the tube diameter 2 is derived from the ideal chain statistics 2 ≈ &4'! , where '!
is the number of monomers in an entanglement strand. The number of entanglements in
each chain, Z, is defined as '/'! . One unique features of entanglement in long chains is
the appearance of plateau modulus 5! in oscillatory shear experiments. The relation
between 5! and '! is given by
5! =
where 8) is the Kuhn monomer volume.
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(1.1.3)

In the tube model, the primitive path describes the shortest path that connects chain
ends without violating other chains. The average contour length of primitive path is given
as

3

<9 >=

&'

.
(1.1.4)
4'!
In simulations, primitive paths among the entangled polymer systems can be calculated
from the geometric methods Z1 and CReTA,8,9 where polymer chain ends are fixed, the
contour length of the chain is shortened without allowing chains to cross. At the completion
of these algorithms, the chains are straight lines connecting “kinks” where two chains were
not allowed to cross. The number of entanglement Z along a chain is determined by
counting the number of kinks8. Based on previous studies, the results of the entanglement
network calculated from Z1 and CReTA are quantitatively very similar.10
The Doi-Edwards model provides detailed information for entanglements in bulk,
linear systems,11 but does not take the factor of strong confinement and the polymer chains
with other structures into account. It has been widely accepted that there is a loss of
entanglements when polymers are under nanoscale confinement (e.g. polymer
nanocomposite, thin films, cylinders).12–14 To capture the reduction in the entanglements,
Sussman et al. conducted several studies and theoretically predicted the primitive-path
level conformational changes in the thin films and cylindrical confinement.6,15 Even though
a lot of efforts have been applied to study the entanglements under confinement,16,17
polymers under the confinement with more complicated structures have not been fully
explored.
1.1.3

Polymer Dynamics

It is well known that the motion of unentangled chain can be successfully captured by
Rouse model, where chains are represented as N beads connected by springs with rootmean-square size &. Each bead has independent friction and it is defined by introducing
4

the friction coefficient ;. The diffusion coefficient of the Rouse chain is derived from the
Einstein relation:
67
(1.1.4)
.
;'
The time it takes the polymer to diffuses a distance of its own size is called Rouse time =* :
<* =

=* ≈

""
;
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<* 67

(1.1.5)

and thhe Kuhn monomer relaxation time is defined as:
;& "
=) ≈
.
67

(1.1.7)

For entangled polymer melts, the reptation model developed by de Gennes is used to
describe the movement of chains in a way analogous to the movement of a snake or worm
slithering through one to another18. The reptation time, which is defined as the time for the
chain to diffuse out of the tube of average length < 9 > is:
=+!,

< 9 >" ;& " ' .
≈
≈
,
<67 '!

(1.1.8)

where <- is the Rouse diffusion coefficient of the chain. The chain moving a distance "!!
in =+!, is defined as the reptation diffusion coefficient, <+!, :
<+!, ≈

"#"
67 '!
≈
=+!,
; '"

(1.1.9)

From experiments, it has been observed a slightly greater molecular weight dependence
with diffusion coefficient scaling of <~?/".. than that predicted from reptation model,19
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since the effects of contour length fluctuation20 and constraint release21 are not considered
in the reptation model.
For confined polymers, numerous studies have also been focusing on the changes
in chain dynamics under the cylindrical confinement and in thin films, and many studies
observe that there are only minimal effects or enhancement in the chain diffusivities13,14,22–
25

. In a recent study of polymers inside cylindrical nanopores, Tung et al.26 demonstrated

that diffusivity of polymers increases as the degree of confinement increases in both
simulations and experiments. They elaborated that the enhancement in the chain diffusivity
for entangled polymers is caused by reduction in the entanglement density under
confinement, which has been implicated in a number of confinement studies6,15,26. In
follow-up studies, Pressly et al. observed that the linear increase in diffusivity of the
entangled polymer under planar confinement as the film thickness decreased due to the
increased degrees of freedom for polymers in planar confinement compared to cylindrical
confinement.13 In addtion to effect of disentanglement, the friction near a wall can also
play an imporatnt role in determinig the segmental dynamics of polymers. In the context
of the Rouse model for unentangled polymers or the tube model for entangled polymers,
this would manifest as an increase in the friction coefficient. As a result, it is critical to
investigate how these competing effects between disentanglements and frictions manifest
in the changes in the overall chain dynamics.
1.2

Noncancatenated Ring Polymers

The molecular architecture of polymers is a key factor that affects the physical properties
of polymer melts, such as conformational, dynamic, and viscoelastic properties. Ring
6

polymers, unlike linear and branched polymers that have free chain ends, exhibit distinct
physical properties in polymer melts due to their topology, which reduces the number of
conformations available to the molecule. For the chain conformations in bulk systems, the
radius of gyration of ring polymers scales as "# ~' 1 , and the previously reported exponent
@ is less than 1/2 (@ ≈ 0.4 ~ 0.43 and @ = 1/3 for very long chains), as ring polymers do
not conform to "ideal" with screened excluded volume interactions as linear chains.27–36
In the reptation model for linear chains, the chain ends are critical in determining
chain motion. However, chain dynamics of ring polymer should be different from reptation
models since there are no chain ends along the chains. An idealized model has been
proposed to imitate the motion of a single ring polymer in an array of obstacles and the
predicted scaling behavior between center-of-mass diffusion coefficient and the molecular
weight is < ∝ ?/" .37,38 However, due to the exclusion of topological constrains and
interactions from the neighboring chains, the applicability of this model is limited.
Recently, both of Tsalikis at al. and Hur at al. presented the chain-length dependence of
entangled ring PE melts on diffusion coefficients <' ∝ ' /2.3 , which is similar to
entangled linear melts, and for unentangled melts the diffusion coefficient is <' ∝ ' /2."
via large-scale atomistic molecular dynamics simulations.33,39 Similar scaling behaviors
were also presented from previous experiments.39
Ring polymers under confinement have also attracted a lot of attention in the past
few years, due to their potential applications to simulate DNA molecules in biological
systems40–43. However, most of the previous studies have focused primarily on the static
properties under confinement44–46 , and studies examining changes in dynamic properties
7

under strongly confined systems are limited. Recently, Pressly et al. demonstrated a strong
correlation hole effect induced by cylindrical confinement that causes linear polymer
chains to segregate from each other under strong confinement14, an effect that is much
weaker in planar thin films13. The correlation hole effect under cylindrical confinement
resulted in a non-monotonic dependence of the diffusivity on the extent of confinement; an
initial rise in the diffusivity associated with disentanglement was accompanied by a sharp
decrease due to the enhanced correlation hole effect. Because the correlation hole effect of
ring polymer is stronger than linear polymers,47 we speculate that the confinement-induced
correlation hole effect in ring polymers requires less confinement than in linear polymers.
1.3

Mechanical Behaviors of Polymer Thin Films

Glassy polymers, those below their glass transition temperature (7# ), are crucial to an
expansive range of current and emerging technologies, from additive manufacturing to
filtration membranes for clean water. Their stiffness and processability make them
attractive materials for many applications, and their strength, or ability to resist failure, is
decisive for determining lifetime and performance limits. It has been mostly accepted that
the properties of glassy polymer deviate substantially from that of the bulk as the polymers
are confined into thin films, especially when the thickness below the polymer chain’s
average conformational length, due to structure and mobility change at the interface.48–50
In addition, mechanical properties of polymer thin films are also changed relative to the
bulk by the surface interactions at the interface of thin films,51,52 though the nonlinear
mechanical response including failure has only recently been studied.53–55 However, such
changes in failure strength, as well as other mechanical properties, in the thin film state are
8

the consequence of unpredictable changes in polymer behavior as the film thickness
approaches molecular dimensions. Understanding the impact of these changes on polymer
film mechanics is necessary to help guide the development of new polymer materials for
strong, multifunctional films.
1.3.1

Introduction to Mechanical Properties

Strength: Strength is the stress where the failure occurs in the samples. There are several
types of the strength based on the way the stress is applied, such as tensile (stretching of
the polymer), compressional (compressing the polymer), torsional (twisting of the polymer)
and so on. The tensile strength of polymers during stretching is affected by the molecular
weight. At low molecular weight, the chains move easily as the polymer chains interact via
weak van der Waals (vdW) forces. On the other hand, for high molecular weight polymers,
strength becomes large due to the involvement of entanglements that can support large load.
An empirical relation56,57 between tensile strength and molecular weight is given by
E = E4 −

F
?

(1.3.1)

where E4 is the tensile strength of the polymer with molecular weight of infinity.
Moreoever, Mikos and Peppas developed predictive scaling models that focus on
predicting the strength of polymer glasses by investigating the role of entanglements. They
approach the role of entanglements by developing a stochastic model based on effective
crossings. An effective crossing is one in which two neighboring entanglements fall on the
opposite sides of a fracture plane allowing the crossing to bear a load. This distinction
excludes chain ends from being able to form entanglements. Counting the number of
9

effective crossings per unit area, they postulated that fracture energy is controlled by the
energy required to rupture all crossing molecules in a system with a Schultz-Flory
distribution. For the polydisperse polymer material, the fracture energy was proposed to
obey
"

(1.3.2)

55 = 554 G 6/78

where 554 is the fracture energy for a polymer system with infinite molecular weight, H =
&!
&"

, ?! is the material-specific molecular weight between entanglements, and ?9 is the

number average molecular weight. For bulk specimens, which realistically have defects,
:;#

the strength scales as E5 ~ I

<

where E is the elastic modulus and L is the length of the
$

largest defect. In the limit of zero defects, the strength is E5 = E54 G 6/%8 , where E54 is the
critical strength for an infinitely long chain.
Young’s Modulus: Young’s Modulus describes the elastic responses of the material and
is calculated from the ratio of stress to the strain in the linearly elastic regime.
Toughness: Toughness is used to describe the amount of the energy required to break the
material and is calculated by the area under a stress–strain curve,
J = K ELM.
1.3.2

(1.3.3)

Mechanical Responses of Polymers

Polymers can exhibit a wide range of stress-strain curves as the temperature changes, as
shown in Figure 1.1 At temperatures well below the glass transition temperature, where
segmental mobility is comparatively low, the stress-strain curves show a very brittle
behavior and the breaking point occurs before the yield points. For many polymers, the
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Young’s modulus is around 103 '/N" to 102) '/N" and failure occurs at strains greater
than about 5%. As the temperature increases, as shown in (b) and (c), the behaviors of the
polymers become ductile and the polymers fail after a yield point while the max stress and
elastic modulus decreases. In (c), strain hardening regime can also be observed for very
ductile polymers. At highest temperature (d) above 7# where segmental mobility is high,
the behavior of the polymer is rubber-like with a low modulus of 10= '/N" to 10> '/N" ,
and the load rises to the breaking point at high strains larger than 100%.

Figure 1.1. Stress-strain curves of polymers under uniaxial tension test at different
temperatures with (a) being the stress-strain curve of the polymer systems at the lowest
temperature and (d) at the highest temperature. (a)-(c) represent responses of glassy
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polymers with temperature from low (a) to high (c). (d) shows a rubber-like behavior at the
highest temperature. (Vilgis 2014)
1.3.3

Polymer Thin Films

It has been widely accepted that when glassy polymers are confined to thin films, especially
in the ultra-thin state of polymers, where the thickness of the film is comparable or less
than the characteristic size of the molecules, chain conformations, entanglement
distributions, dynamics and deviate away from the bulk materials, which could potentially
affect the mechanical properties of the films. Understanding the role of mobility and
entanglements is important to the development of polymer materials. From previous
studies, both Cavallo et al. and Sussman et al. demonstrated that the conformation of chains
are extended along the direction parallel to the interface in strongly confined systems, while
conformation of chains are compressed in the direction perpendicular to the interface. More
importantly, Sussman et al. observed the reduction in the entanglements relative to the bulk
as the systems become strongly confined and related changes in chain conformations to the
primitive path of the entangled polymers by treating the chains with a random walk
model6,7 under reflective boundary conditions. Although there are extensive studies about
the entanglements distributions under confinement, research has barely been done to relate
the loss of entanglements, which has been known to have huge impact on mechanical
strength of bulk systems, to the mechanical properties of glassy polymer thin films. In
addition to the decrease in the entanglements for confined polymers, the dynamics of
polymers are also affected by the existence of free surfaces or rigid boundaries. For
example, in polystyrene (PS) thin films, the reduction in the glass transition temperature,
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Tg, for particles near free surfaces has been widely observed49,58–64 due to the high mobility
of the molecules near free surface. Since the mechanical properties of polymers are very
sensitive to the segmental mobility, the existence of free surfaces can potentially alter the
mechanics of the glassy thin films.
Recently, Crosby and co-workers developed a method, called The Uniaxial Tensile
Tester for Ultra-Thin films (TUTTUT) which allows measuring the complete stress-strain
relationship, including failure processes, for films as thin as 10nm.65,66 This method uses a
liquid to support ultra-thin, often fragile, films while uniaxial strains are applied and
resulting stresses are measured. Based on the results measured from TUTTUT, the modulus
of PS films decreases as the film thickness decreases below an average configurational size
scale of molecules in a bulk state, such as the end-to-end distance "!! .65,66 In addition,
TUTTUT provided the first visualization of a thickness-controlled transition for straininduced localization deformation mechanisms, from crazing in thicker films to shear
deformation zones (SDZ) in the thinnest films. This transition is surprising in that crazeto-SDZ transitions are typically associated with a brittle-to-ductile transition. In PS thin
films, this behavior is reversed: films exhibiting SDZ are emphatically embrittled. To
rationalize these changes, Crosby et al hypothesized a non-intuitive interplay between
mobility and inter-chain entanglements.66 Increases in average chain mobility for ultra-thin
films increase the propensity for local yielding and formation of SDZ, while decreases in
inter-chain entanglements increased the average force per chain leading to chain scission
and associated failure at decreased levels of average stress. Therefore, understanding the
effect of how mobility and inter-chain entanglements alter the mechanical properties of
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polymer thin films can perhaps provide strategies for materials with enhanced mechanical
integrity.
1.3.4

Block Copolymer Thin Films

Block copolymers provide a platform for advancing fundamental understanding of how
molecular mobility and entanglement within a confined material define mechanical
response. Processing methods have been developed to control the position of a certain
block copolymer segment phases relative to a surface.67–70 This control provides an avenue
for phases with more mobility or more inter-chain entanglements, for example, to be
present at a surface, and hence the opportunity to assess the role that such structural or
configurational alterations play in the mechanical response. Although several studies on
relationships between mechanical properties and block copolymer architecture and
morphology have been conducted, limitations on sample dimensions and difficulty in
controlling phase orientation in bulk samples have limited advances in understanding how
block copolymer domain structure and mechanical properties relate, especially beyond
continuum level relationships.
At small strains, relations between the continuum elastic properties of the domain
polymers and the relative volume fraction of the domains can be used to estimate properties,
including the elastic modulus, based on general composite theories. These relations broadly
capture measured differences as a function of orientation for block copolymer
morphologies with anisotropic structures, such as cylinders and lamellae. At large strains,
especially for block copolymers that have only glassy domains, the distribution of
interchain entanglements and local segmental mobility play an important role in the
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mechanical response; however, controlled experiments isolating these molecular effects
are limited. In terms of simulations, numerous SCFT studies have mapped the phase
diagrams of confined block copolymers to a variety of wetting conditions, though these
calculations often assume rigid boundaries that will not be present in films with a free
interface.

In addition, microphase separation plays a role in the distribution of

entanglements, particularly when the segregation is strong the average entanglement
spacing of the polymers tends to decrease.71 However, knowledge regarding influence of
molecular mobility, entanglement and morphology on the mechanical response of ultrathin
glassy-glassy block copolymer thin films from both experiments and simulations has not
yet been fully explored.
1.4

Polarizable Polymers

Understanding the spatial heterogeneous dielectric properties in inhomogeneous materials
is important in determining their constituent phases and internal structures. It is necessary
to have the polarization interactions incorporated to accurately capture microscopic
interactions and local dielectric responses from the heterogeneous materials such as
polyelectrolyte, block copolymers, and ionomers. In the past decades, those charged
materials have attracted considerable attentions due to the potential applications in the
batteries, fuel cells and electronic devices.
1.4.1

Drude Oscillator Model

The classical Drude oscillator model approximates induced polarization using a harmonic
spring, attaching an auxiliary particle to each polarizable atom. The polarizable atoms’
response to the local electrostatic field can then be specified through the interaction via the
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Drude model, and it proxies the electronic charge distribution of the medium as those
auxiliary particles adjust their positions by accommodating to the local energy minima.
To model the polarizability 2 in a single bead, a partial charge O is assigned to the
bead, and a mobile massless Drude particle carrying a charge O? is connected to it by a
harmonic spring with constant 6? to represent induced polarizability. The net charge of
O? + O is set to 0 to preserve the neutral charged systems. In this model, the center of mass
is on the bead. In response to electrical fields applied externally or generated internally by
the surrounding charged beads, Drude particle adjusts the positions itself and causes the
induced polarization on its paired bead. The induced polarizability is estimated as
2=
1.4.2

O?"
6?

(2.1.1)

Induced Polarizability

Previously, most of the computational simulations of the charged polymers treat
electrostatic interactions as an oversimplified potential function with a uniform dielectric
constant for the charged systems. As a result many-body polarization effects are not
explicitly considered. Such method cannot adopt to the local dielectric permittivities
fluctuations or solvation effect, particularly in multi-domain systems with high contrast,
ion doped systems or highly polar species where electronic polarization has a substantial
impact in both structure and energetic properties.
Recently, Glenn Fredrickson and coworkers adopted Drude distributed charge
model along with mean-field approximation to successfully capture local dielectric
responses in a broad classes of heterogeneous materials with coarse-grained particles, and
demonstrated good agreement with experiments72–74. Their approach derives a statistical
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field theory that characterizes spatially dependent dielectric constitutive behavior in
heterogenous fluid or soft matter, and the approach provides solvation energies that help
localize charges in high-dielectric regions. In their approach, van der Waals interactions
among beads are automatically generated as described by distinct polarizabilities (2@ −
2A )" between two bead types, and local dielectric constant P(Q) can be naturally
determined by the local bead densities. However, their model is developed based on the
molecularly informed field theory model, where the dynamics of the particles are missing.
As such, the ion conductivity of charged systems, which is a very important properties for
the application in batteries or fuel cells, was not explored.
1.4.3

Implementation of Theoretically Informed Langevin Dynamics (TILD)

Theoretically informed Langevin dynamics (TILD) is a hybrid-particle field based method
that uses Langevin dynamics to sample the dynamic partition function of the systems and
update the motions of the particles. In the TILD, discrete Gaussian chains are used to
model polymers with N beads per chain that are connected via Gaussian bond bonds with
energy:
9 '/2

RSBC9D = + +
$

F

3|Q$,F − Q$,FG2 |"
.
2& "

(1.4.1)

For the polymer monomers, it is assumed that the mass distribution is in the Gaussian form:
^

V(Q) =

+$
.
" /" I/"J $ K
(2WX ) G

(3.1.2)

The value of characteristic range X controls the breadth of the mass distribution. A Helfand
compressibility potential that penalizes density fluctuations away from V) given by
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RS-CL, =

Y
^
∫ LQ[V(Q) − V) ]"
2V)

(4.1.3)
^

is added to enforce excluded volume interactions in the systems. In eq 4.1.3, V(Q) is the
microscopic density of the beads in the system and Y controls the strength of the density
fluctuations away from V) . For block copolymer system, a Flory Huggins interaction
RS5MC+N =

])
^
^
∫ LQV@ (Q)VA (Q)
V)

(4.1.4)

is included to capture the enthalpic differences between different type of components.
Notably, all those nonbond interactions are calculated from the density field via the particle
to mesh techniques, which is very efficient compared to traditional particle-based
simulations.
Once total potential energy S = SB + S5MC+N + S-CL, is determined, total forces
applied on each particle can be determined by ^ = −_S , which is applied in the
overdamped Langevin equation to update the coordinates of each particle. Overdamped
Langevin equation is given by
LQO
(9B)
(!M!-)
(?)
= <R(^O
+ ^O
+ ^O ) + aO (`)
L`

(4.1.5)

where QO is the position of bead k, D is the diffusion coefficient and aO (`) is Gaussian
white noise that satisfies
< aO (`) >= 0

(4.1.6)

< aO (`)aRO (′`) >= 2<RcO,RO cS,RS

(4.1.7)

Compared to other equivalent particle-based simulation techniques such as dissipative
particle dynamics (DPD) and complex Langevin field theoretic simulations (CL-FTSs),75
our TILD method can efficiently adapt to the thermal fluctuations and performs well at low
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value of C while achieving the same thermodynamic properties.
With the advantages of TILD model, electrostatic interactions can be applied in the
same way as in the density field in the TILD model to efficiently simulate the charged
systems. By adding Drude oscillator models into TILD, we would like to simulate polymer
systems and check the feasibility of this method about capturing the local dielectric
responses and attractive vdW interactions. Furthermore, Winey and coworkers recently
observed the bicontinuous gyroid structure from the ionomer of precisely segmented
polyethylene-like materials containing sulfonate groups (PES23) in single-ion conductors
when the polymer backbone is amorphous and the polar volume fraction is around 0.28.
They also noticed an ionic aggregate morphologies transition from bicontinuous gyroid
structures to hexagonal ionic aggregates as temperature increases. Those features attract us
to use TILD with Drude oscillator models to fully map the aggregate morphologies of such
ionomers by varying the backbone length and analyze the ionic conductivities under
different circumstances. Within those studies, TILD can provide an much more efficient
way to achieve equilibrium results for charged systems compared to the traditional particlebased-simulation.
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CHAPTER 2

Polymer Conformations and Dynamics under

Confinement with Two Length Scales
This chapter is adapted from our publication Zhang, Winey, Riggleman “Polymer conformations and
dynamics under confinement with two length scales”, Macromolecules 52.1 (2018): 217-226.76

2.1

Introduction

The study of dynamics and conformations of polymers confined to thin films7,77–82 or
cylindrical or cylindrical geometries22–26,83–92 have generated intense interest. It has been
shown that confinement can affect chain conformations, polymer diffusivities and
segmental dynamics. For example, both experiments26,86,88 and simulations6,26 have shown
that when polymers are confined in nanoscopic pores, there is no significant influence on
the chain conformation along the pore axis even for strongly confined systems. The
changes in chain dynamics under the cylindrical confinement have also been addressed,
where many previous reports find that there are only minimal effects22–25. In a recent study
of polymers inside cylindrical nanopores, Tung et al.26 demonstrated that diffusivity of
polymers increases as the confinement increases (!!"#$ /#$$ , where !!"#$ is the pore
diameter and #$$ is the polymer end-to-end distance) in both simulations and experiments.
For entangled polymers, confinement reduces the entanglement density, which increases
the chain diffusivity. Disentanglement has been implicated in a number of confinement
studies, including cylindrical confinement6,26 and thin film confinement6,15. In our previous
work, we revealed that the decrease on the entanglements is proportional to the degree of
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confinement !!"#$ /#$$ for both planar (1-D) and cylindrical (2-D) confinement. However,
numerous studies have also shown that the friction near a wall can influence the segmental
dynamics of a polymer. In the context of the Rouse model for unentangled polymers or the
tube model for entangled polymers, this would manifest as an increase in the friction
coefficient. It is therefore important to investigate how these competing effects manifest in
the changes in the overall chain dynamics.
Besides confinement effects in thin films and cylindrical geometries, confinement
effects are also anticipated to be important in polymer nanocomposites, where the
nanoparticle surfaces will alter chain conformations and dynamics12,93–103. Furthermore,
polymer nanocomposites can also reduce inter-chain entanglements, which in turn can alter
the chain dynamics of entangled polymers. For example, a molecular dynamics simulation
study of highly entangled polymers in the presence of non-wetting nanoparticles by Li et
al found that polymers become significantly disentangled as the volume fraction of
spherical nanoparticles increases from 0 to 42%12. The polymer chain relaxation can be
accelerated based on the loading of the non-attractive particles. As shown in Li et al.’s
study and others12,104,105, changes in segmental relax relaxations can be investigated by
analyzing the Rouse modes of relaxation in polymer nanocomposites78,102.
From the discussion above, most previous work has focused on systems with
uniform confinement where there is one characteristic length scale of confinement.
However, there are applications, such as nanocomposites and in polymer-infiltrated
random pore network confinement that are used as porous electrodes, where multiple
length scales could be at play. In this work, we model confinement with a diamond-like
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network of cylindrical channels to mimic a porous confinement with multiple length scales
using MD simulations. We study confined systems with both different channel lengths and
channel radii filled with polymers of chain lengths from N = 50 to 250, which span from
unentangled to entangled polymers. We show the effect of such confinement on both chain
conformations and dynamic properties in polymer melts. In the highly confined systems,
we observe enhanced chain dynamics due to the chain disentanglement and a slowdown
on the segmental dynamics for unentangled polymers compared to the bulk due to the
friction near the walls. Furthermore, we calculate the diffusion coefficient as a function of
the channels’ length for different length of polymers and we find an increase on diffusivity
of the entangled polymers which agrees well with previous work26.
2.2

Simulation Details

Our molecular simulations employ the coarse-grained bead−spring Kremer−Grest (KG)
model106, where non-bonded monomers interact through the repulsive part of the Lennard% &'

Jones (LJ) potential: ((*) = 4- ./ # 0

% (

!

− / # 0 2 for * ≤ *)*+ = 2" 6 . All the units are
!

normalized by the potential strength, -, the monomer size, 6, and the time 7 = 6(8/-)# ,
where 8 is the monomer mass. The bonded interactions connecting two successive
monomers are governed by a finitely extensible nonlinear elastic (FENE)106 potential with
9 = 30-/6 ' and #, = 1.56. The polymer model we are using in this study corresponds to
the ideal situation of fully flexible polymers. The number of monomers per chain in our
simulations is = = 50, 100, or 250, which spans from the unentangled systems to the
entangled regime. For our most entangled systems (= = 250), the average entanglements
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per chain is approximately five. All the simulations are performed with LAMMPS MD
simulation package with the velocity-Verlet algorithm and a Nosé−Hoover thermostat107.
The temperature is constant at T = 1.0 in all simulations presented below.

Figure 2.1. Diamond network confinement with two characteristic length scales of channel
length and channel radius. The first three scaffolds of the confinement with channel length
of > = 106, 206 and 406 and radius of # = 56 respectively are filled with polymer melt
and the last figure is the confinement with channel length of > = 106 and radius of # =
76, which has very low porosity.
To construct the diamond network confinement, we start with confined cylindrical
tubes placed with immobile LJ particles with 6 = 1 densely packed on the cylinder
surfaces. The interaction between the wall beads and the polymers is identical to that
between the monomers. We next build a unit cell of diamond network confinement by
placing four cylinder tubes along half of the four diagonals of the cubic box and the tubes
intersect at the center of the cubic box. By compiling four unit cells in a larger cubic box,
with two on the top in diagonal position and the other two at the bottom in the opposite
diagonal position, we can achieve a periodically connected diamond network confinement.
When we connect the unit cells, we delete the overlapping beads if there is any overlap
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among the cylinder tubes. Examples of our polymer-filled diamond networks are shown in
Figure 2.1. There are two characteristic length scales in the diamond network confinement:
the radius of the confining channels and the length of the channels, which is defined based
on the distance between two junction centers. The confining channels have radius #, which
is fixed at either #/6 = 5 or 7. At this strength of confinement, the chain conformations
are perturbed, but the confinement is not so strong that the correlation hole effect causes
the chains to demix along the length of the cylinders108. The lengths of the confining
channels are chosen as >/6 = 10, 20 and 40. When the channel length > = 106, the
geometry of the confinement may be analogous to random porous media, especially the
# = 76 case corresponds to a high porosity material where there is not a well-defined
channel region, yet there are still regions of confinement since random pores could have
junctions that are close together and separated by similar geometries. When > = 406 and
# = 56, we begin to approach the limit of 2-D cylindrical confinement6,26. With different
channel lengths, we use different simulation box sizes (different numbers of cubic unit cells)
to ensure that we have a sufficient number of polymers inside the confinement for statistical
analysis. Furthermore, to analyze the effect of the confinement on the chain conformations
and entanglements, we define two distinctive regimes: 1) junctions - which are the
intersection volumes of the two channels and where the radius of the junction is taken as
the radius of the confining channels; and 2) channels - the rest part of the confinement.
After generating the diamond network surfaces, we insert our polymer chains as
random walks into the diamond network and use the soft push-off method to eliminate
overlapping contacts109. The monomer bead density is @- = 0.85/6 ./ , which is measured
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based on the density of monomers bead in the junctions. For the equilibration of each
system, we used connectivity-altering Monte Carlo moves109–111, while pure MD
simulations are employed to obtain dynamic properties. Our MD simulations all continue
until the diffusion regime of the center of mass mean-squared displacement (MSD) is
observed, and the MSD is calculated with a moving time origin to improve the statistics.
The equilibrated MSD plots for each system can be found in the supporting information.
To study the entanglement properties of our systems, we apply Z18,112–114 algorithm to
extract the entanglement statistics of our polymer melts.
2.3

Results and Discussion

(d
)

Figure 2.2. The probabilities of the number of junctions the polymers occupy in different
diameter networks (>, #) at = = 250 (a), = = 100 (b) and fixed channel length > = 206
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with different degree of polymerization (c). A representative polymer allocation inside
diamond confinement of > = 206 and # = 56 (d).
2.3.1

Chain Distribution in Diamond Network Confinement.

To give a better understanding of how the polymers inhabit the multiple interconnected and
neighboring channels, the probabilities of the number of junctions in which a polymer
chain resides is shown in Figure 2.2. This calculation shows how many junctions the
polymers with different degrees of polymerization = can occupy for a given diamond
network geometry. Figure 2.2d visualizes a single polymer conformation where the
polymer occupies two junctions. When polymer chain length is = = 250 in Figure 2.2a,
for the longer channels with > = 406 most chains contact one junction or remain
completely in the channel. As the channel length deceases the chains tend to contact more
junctions. For the larger radius # = 76 the polymer chains are more likely to occupy the
junctions since the junctions take up a larger volume of the confined geometry compared
to the # = 56 systems particularly at shorter >. When the chain length = = 100 in Figure
2.2b, the trends are the same as = = 250 case when channel length increases. We then
compare different polymer lengths of = = 250 and 100 under confinement where the
length of channel is fixed at > = 206 (Figure 2.2c). The longer polymers with = = 250
have a higher chance of occupying two junctions compared to = = 100, as expected.
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2.3.2

Chain Conformations in Diamond Network Confinement.

Unlike the radius of gyration calculated only along 1-D or 2-D direction in previous work6,
here the confinement geometries are more complicated and do not have a uniform
confining direction. Thus, #0 is calculated in all three dimensions due to the tortuosity of
the confinement, which may be analogous to the tortuous geometry of PNCs at high
nanoparticle loadings.
When polymers are confined in PNCs, both simulation and experiments find that
#0 can increase, remain unchanged, or decrease depending on the sizes of the NPs115–121.
However, for this diamond network, we note that the average #0 decreases compared to
the bulk under all conditions, which is shown in Figure 2.3. As the channel length increases,
polymers become compressed for all chain lengths, though the effect is more pronounced
for the longer chains and narrower channels. Even though polymers are slightly extended
in the unconfined directions, which are along the channels, the average #0 still decreases
due to large reduction of #0 normal to the confining surface6.
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Figure 2.3. Normalized average #0 as a function of channel length of confinement for
different degrees of polymerization (= = 50, 100 and 250) and channel radii (# = 56 or
76).
To further understand the effect of confinement on the local structure of polymer
chains, #0 is calculated as a function of the polymers’ positions inside the diamond
network in Figure 2.4. The chains’ positions are determined by the distance from the center
of mass of the chain to the nearest junction center. For = = 50 in Figure 2.4a and = =
100 in Figure 2.4b, we observe that the #0 of polymers within the junctions (within 56 or
76 depending on the radius of the channels) is approximately the same as the bulk, and the
polymers are compressed when they are confined in the channels. When radius # = 56,
the #0 of the polymers near the opening of the channel into the junction (at distance from
junction center of 56) are perturbed by the sharp transitions between the junctions and
channels. When radius # = 76, the same perturbation is observed because even though
there is no well defined channel region, there are still confined regions. These perturbations
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are most significant when > = 106 , as evidenced by a large increase of #0 for the
polymers located at these transitions. In addition, for some of the polymers at a distance of
5 6 − 76, the chains span over two distinct channels and the center of mass lies outside of
the diamond network; this population of chains is particularly extended. For polymers with
= = 250 confined to channels of radius # = 76, Figure 2.4c shows the change in the
polymer conformations are overall similar to the other chain lengths. However, unlike the
other systems, polymers in the junctions are much more compressed (~30% decrease)
compared to the bulk when they are in more confined systems with radius of # = 56. This
is because polymers = = 250 (bulk #$$ = 19.16) are too long relative to the radius of
channel # = 56 , so that even the chains with their centers of mass in the junctions
experience confinement due to the channels. We also note that there is a possibility that the
distances from the junction centers are larger than >/2, especially for > = 56, because
there is a tiny amount of polymers whose center of mass could lie outside of the diamond
network; since their centers of mass are not restricted to lie along the connecting cylinders,
they can be farther than >/2. Certainly, in those cases polymer chains are much elongated
since they may span several junctions.
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Figure 2.4. Normalized local average #0 of polymers as a function of polymer distance
from the junction center for different degrees of polymerization = = 50 (a), = = 100 (b)
and = = 250 (c). The local positions of polymers are determined by the centers of mass.
Comparison of local #0 among different length of polymers (= = 50, 100 and 250) under
confinement with channel length of > = 206 and # = 56 or 7 6 are shown(d).
Finally, in Figure 2.4d, the channel lengths of the confinement are fixed at > = 206
and we compare the conformation of polymers with different chain lengths. We observe
that when the chain length of polymers is short, = = 50, the decrease in #0 is very small
(~8%), particularly in the junctions where the change is negligible. As the chain length
increases, #0 decreases, and the confinement is more pronounced in the # = 56 system
compared to the # = 76 system, as expected.
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2.3.3

Entanglement Density in Diamond Network Confinement.

The average number of monomers between entanglements, =$ , is a microscopic quantity
that is usually determined from the measured plateau modulus of a pure melt. The dynamics
of polymers with = > =$ behavior is controlled by topological constraints: chain
connectivity and uncrossability. We have employed the Z1 algorithm to extract the mean
number of interior kinks per chain ⟨E⟩ ≈ =/=$ , which is considered to be proportional to
the number of entanglements, regardless of the details of the definition used to define an
entanglement113.

Figure 2.5. (a) Normalized average entanglements per chain as a function of channel length
for entangled polymers (= = 250) under confinement with different radius of the channels.
(d) Normalized entanglement density as a function of the position from the junction center.
In our equilibrium bulk = = 250 systems with monomer density @- = 0.85/6 ./ ,
we find that the average entanglements per chain ⟨E⟩ = 5.2 ± 0.3 and polymer segments
between entanglements =$ = 48 ± 2. Upon confinement in the diamond network, the
average number of entanglements per chain ⟨E⟩ decreases compared to the bulk. As the
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channel length increases from 106 to 406 in Figure 2.5a, ⟨E⟩ decreases from 3.9 to 2.9 for
# = 56 and from 4.8 to 4.0 for # = 76.
To further understand the spatial distribution of entanglements inside the diamond
networks, we plot the normalized local entanglement density as a function of the distance
from the junction centers in Figure 2.5b. The error bars in the Figure 2.5b are calculated
by sub-dividing the data into several groups. Of the results that are statistically significant,
disentanglement primarily occurs inside the channels, which leads to the overall reduced
average entanglement density. In contrast, inside the junctions the entanglement density is
almost the same as the bulk for both # = 56 and # = 76 systems. This finding is
consistent with observed nearly bulk-like chain conformations in the junctions. When the
radius of channel is 56, the entanglements density decreases by up to 50% for the polymers
far from the junctions, which impacts the dynamics of polymers significantly, as shown
below. As expected, when the radius of channel is 76, the entanglement density exhibits a
smaller decrease (~30% decrease) compared to the # = 56 systems. These results agree
with our previous work under cylindrical confinement6,26 and several experimental studies
that have also suggested that polymer entanglement density decreases under strong
cylindrical confinement84,88.
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Figure 2.6. Relaxation of Rouse modes (p=2, 4, 8, 16, 32) of chains under all the
confinement with radius of channel # = 56 for = = 50 (a), 100 (b) and 250 (c). The
exponent I! as a function of p for = = 250 under all the confined conditions (d).
2.3.4

Rouse Mode Analysis on Segmental Dynamics in Diamond Network

Confinement.
The Rouse model is a well-known and simple model that has been widely used in both
experiments and simulations to describe the chain dynamics for unentangled polymers, and
is derived by an analysis of the Rouse modes of chain relaxation. For entangled polymers,
although the standard results of the Rouse model do not apply, the relaxation of the Rouse
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modes provides a rich view of relaxation of the polymer chains on different time and length
scales along the chain backbone.
The Rouse modes of chain length = are defined as
2

1
(Q − 1/2)RS
X! (J) = K L1 (J)MNO [
] , R = 0, … , = − 1
=
=

(2.1)
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where *1 (J) is the position of the n-th monomer in the chain at time J. Given X! (J), one
can also obtain the normalized time correlation of Rouse modes as122,123
W! (J) =

< X! (J) ⋅ X! (0) >
< X! (0) ⋅ X! (0) >

(2.2)

We fitted auto correlation function W! (J) with stretched exponential function
Z .(+/6$,&'( )

)$

in Figure 2.6 and obtained the exponent β9 as a function of R for = = 250

under all the confined conditions in the Figure 2.6d. For high frequency modes (large R),
the stretching parameters I! is around 0.75, and I! decreases with decreasing R to a
minimum value at around R = 4~5, and further increase to approximately 0.8 for low
frequency modes (R = 2) for all the systems. In the bulk, the minimum value of β9 is at
2

R = 5, where the corresponding number of monomers involved is approximately ! ≈ 50.
This value is comparable to the entanglement length =$ ≈ 50. Due to the disentanglements
of polymers under diamond network confinement, the minimum value of β9 occurs at
smaller R value as the system become more confined, which is consistent with our finding
that the entanglement length =$ increases. We also notice that for R between 2 and 13, β9
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for the confined systems are larger than that for the bulk, which may also be caused by
disentanglement.
We obtain 7! as the time at which a fit of W! (J) to a stretched exponential decays
to W! (J) = 0.2. The mode with R = 0 describes the motion of chain center of mass and is
not analyzed, while for R ≥ 1, the modes describe internal relaxations with a mode number
R corresponding to a sub-chain of =/R segments. For an isolated Gaussian chain with
monomers undergoing Brownian motion in the absence of hydrodynamic interactions, this
:; #

model can be solved exactly to find 7! = 72 (=/R)' , where 72 = < =.
*
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Figure 2.7. The relaxation time 7! as a function of mode R with different degree of
polymerizations = = 50 (a), = = 100 (b), = = 250 (c); The normalized relaxation time
7! by individual beads friction ], which are achieved at largest frequency modes 7!3', of
= = 50 (d), 7!3>, of = = 100 (e) and 7!3&,, of = = 250 (f).
To analyze the confinement effect on the dynamics of polymers, we compare the
relaxation time 7! of the different modes for chains with three different degrees of
polymerization = under diamond network confinement in Figure 2.7. For the unentangled
and shortest chain = = 50 studied, 7! for all Rouse modes analyzed in Figure 2.7a are
larger than the bulk, presumably due to the friction between polymers and walls. We also
observe that the lower frequency Rouse modes (polymer dynamics on larger length scales)
are relatively unaffected by the confinement except a slight deviation from the Rouse
scaling due to the excluded volume effect, chain stiffness and friction124. For both channel
radii, as the length of the channels increases the relaxation time of all the modes increases
since there is more contacting area between polymers and walls, and thus a larger fraction
of the system experiences increased friction. Since all of the Rouse modes 7! are expected
to be proportion to the friction coefficient ], we can isolate the effect of disentanglement
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from friction effects by normalizing the normal mode relaxation time spectrum by a high
frequency mode. For untangled chains = = 50 in Figure 2.7d, the normalized relaxation
time 7! for different modes are still larger than the bulk, especially for low frequency
modes, where the normalized value is larger than 1. This is because the friction applied on
the large length scales can not be fully normalized by the monomeric friction.
As the chain length increases to = = 100, there is a larger deviation from Rouse
scaling since the systems become slightly entangled, as shown in Figure 2.7b. Overall the
trend of relaxation time is similar to that of = = 50, except for the lowest frequency Rouse
modes under confinement with channel radius of # = 56 and length of 206 and 406.
Instead of a constant increase on 7! R' /= ' as is observed in the bulk, a drop in the scaled
relaxation time for the lowest frequency mode unlike other confinement systems in Figure
2.7b is due to the disentanglement induced by the strong confinement. After scaling out the
small-scale friction by dividing 7! R' /= ' by a high frequency relaxation time, Figure 2.7e
demonstrates that normalized 7! at the lowest frequency mode is smaller than the bulk
under the confinement with radius of # = 56 and lengths of > = 206 and > = 406. This
demonstrates that disentanglement enhances the segmental dynamics compared to the bulk
of polymers = = 100 at large scale, which is not obvious in unnormalized data in Figure
2.7b. Our results for the chain dynamics for these = = 50 and = = 100 systems are in
agreement with the simulations of Li et al. and the experiments of Schneider et al.
performed on polymers in PNCs, which showed that the dynamics of unentangled and
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weakly entangled polymer chains are mainly dominated by the friction between polymers
and the confining nanoparticle surfaces104,125.
For our most entangled system with = = 250, Figures 2.7c plots the relaxation
2

time scaled by the mode number, 7! R' . For R > 10, which corresponds to ! < =$ , this
quantity is approximately constant since these modes probe scales along the backbone of
the chain shorter than the typical number of monomers between entanglements. We observe
that as the systems become more confined (from > = 106 to > = 406) 7! for these high
frequency modes increases due to friction between the wall and polymers, similar to what
is observed for the shorter chains. However, for the low frequency modes that correspond
to chain motion involving a number of segments larger than =$ , there is a large deviation
from Rouse scaling. We observe that in the Figure 2.7c relaxation time 7! of lowest
frequency mode becomes smaller than the bulk as the system becomes more confined and
disentangles. This disentanglement effect is demonstrated in Figure 2.7f, where 7! is
normalized by the high frequency dynamics. For all of the confined cases, majority of
2

relaxation time 7! of the modes involving a large number of segments ( ! > =$ ) are smaller
than the bulk, and the largest decrease on 7! occurs at the most confined systems where
# = 56 and > = 406 . These results demonstrate that when entangled polymers are
confined in the diamond network confinement, =$ becomes larger than that in the bulk
melts and leads to faster chain relaxation. Furthermore, the longer the channel length and
the narrower the channel radius, the larger =$ becomes, and in the present simulations the
effect of disentanglement is significantly larger than the slowdown due to friction near the
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walls. These findings are also in qualitative agreement with previous work examining the
Rouse modes in PNCs and showing that disentanglement induced by the NPs causes
7! with lowest frequency mode to be smaller than the bulk12,105.
2.3.5

Polymer Long-Time Self-Diffusion in Diamond Network Confinement.

In Figure 2.8a, chain center of mass diffusion coefficients normalized by their bulk values
are plotted as a function of the channel length and both channel radii. We find that for all
the chain lengths in the porous networks, the 3-D diffusivity is reduced compared to the
bulk, and the largest reduction is observed for longer channel lengths and smaller channel
radii. This result is attributed to the complicated geometry in our pores, and at very few
locations in the diamond network confinement can the chains diffuse in three dimensions;
in the channels, for example, the chains can move primarily in one direction along the
length of the channel. In addition, we observe a smaller decrease of the diffusivity for large
= compared to the shorter polymers, due to the disentanglement which we analyzed in
previous sections. These 3-D calculations are most comparable to what one would expect
to measure in experiments probing the diffusion of polymer melts in random porous
networks.
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Figure 2.8. (a) 3-D diffusion coefficient calculated from the chain center of mass meansquared displacement as function of channel length. (b) Diffusion coefficients scaled by
the tortuosity of the packings relative to the bulk diffusion coefficients.
Locally along the length of a given channel confining the polymers the motion is
constrained to 1-D, and our previous work under cylindrical confinement has shown that
cylindrical confinement can lead to a substantial increase in the diffusivity26. To resolve
this apparent contradiction, we have developed a model to correct for the tortuosity of the
diamond network. We simulate an ideal gas, which has minimal friction with the wall, in
our diamond network confinement, and we calculate the diffusion coefficient
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^?@$AB,DEFGHFIJ to provide the correction for the tortuosity of the confinement by using
_+"#+ = ^?@$AB,KLBM /^?@$AB,DEFGHFIJ .

This

assumes

that

the

diffusion

coefficient

^?@$AB,DEFGHFIJ is the same as that in the bulk ^?@$AB,KLBM other than the difference due to
tortuosity. We subsequently employ this tortuosity factor _+"#+ to obtain polymer diffusion
coefficients that are corrected for the more tortuous path of the confined geometry; i.e., the
diffusivity is corrected for the chains’ lack of access to all volume in three dimensions.
In contrast to the uncorrected 3-D diffusivities, the diffusivities of entangled
polymers (= = 250) scaled by the tortuosity factors show a significant increase over the
diffusivities of the bulk with increasing channel length for both channel radii in Figure 8b.
This result gives conclusions similar to the case of cylindrical confinement, where
disentanglement increases the diffusivity of entangled polymers along the cylindrical
pores26. We can compare our corrected diffusion coefficient under the confinement of > =
406 and # = 56 with the predictions of the reptation model18,126,127 ^#$! ≈

# < =2
N++
*
+

2 # :; # 2

by

accounting for changes in all of the parameters. Here, #$$ along the channel is taken from
the figure plotting #$$ vs. confinement ratio in our previous study6, ] is taken from the
Rouse mode analysis at the highest frequency mode analyzed (R = 25), and =$ is calculated
from the entanglement analysis. We find similar results on normalized ^#$! ~ 1.47 and
^/O _+"#+ ~ 1.38 for the most entangled polymer we have examined = = 250.
For slightly entangled polymers of = = 100, there is a different trend between
channel radii # = 56 and # = 76. As the channel length increases, there is an increase of
the diffusivity for # = 56 that is less pronounced than in the # = 76 diamond networks.
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For unentangled polymer chain = = 50, we note that the corrected diffusivity is not
significantly affected and even slightly decreases as the length of cylindrical channels
increases, which likely comes from the friction between polymers and the walls.
2.4

Conclusion

From MD simulations, we analyze the effect of diamond network confinement with
multiple length scales on the properties of polymers, including chain conformations,
entanglement density, segmental dynamics and diffusivity. We have varied the length of
the channels L (from 106 to 406) with two radii (# = 56 and 76) for polymer chain
lengths, = = 50 , 100 and 250, which correspond to approximately 0, 2 and 5
entanglements per chain in the bulk. In all confined systems with entangled polymers, the
polymer radius of gyration and the number of polymer entanglements per chain is reduced
compared to the bulk. There is a larger reduction in the polymer entanglements for the
system with longer and narrower channels, because the entanglements depend primarily on
the polymer conformations, which are more perturbed in the channels than in the junctions.
In the systems with the shorter channels, more of the material is near the junctions, where
the cavity provides more room for the chains to take on a bulk-like conformation.
To characterize the polymer dynamics, we analyze the chain relaxations based on
the relaxation of the Rouse modes and show separate, competing effects of the changes in
the local friction near the wall and chain disentanglement. For confined systems with
unentangled polymers, friction between polymers and walls mainly affects the segmental
dynamics of polymers, and the lower frequency Rouse modes (polymer dynamics on larger
length scales) are relatively unaffected. As the length of the channels increases (or the
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radius of the channel decreases), the relaxation time of all modes is increased compared to
the bulk since there is more contact area between polymers and walls, and thus a larger
fraction of the system experiences increased friction. On the other hand, for entangled
polymers, due to disentanglement of the polymers, the relaxation time of the lowest
frequency modes of the polymers decreases, and it takes less time for chains to relax than
the bulk.
In our calculations of the diffusion coefficients, we extracted both 3-D diffusion
coefficients and corrected values that account for the tortuosity of the porous confinement.
We find that for all the chain lengths confined in the porous network, the 3-D diffusivity is
reduced compared to the bulk especially for the longer channel length. These 3-D
calculations are most comparable to experiments. However, after accounting for the
restrictive geometry of the diamond networks, the diffusivity of entangled polymers (= =
250 ) significantly increases above the bulk as we increase the length of cylindrical
channels. This result gives us a similar conclusion as in the 2-D confined systems in our
previous study wherein disentanglement increases the diffusivity of entangled polymers
along cylindrical pores. For unentangled polymer chains, we notice that the corrected
diffusivity is not significantly affected and even slightly decreases as the length of
cylindrical channels increases, which we attribute to the friction between polymers and the
walls.
This study of polymer conformation and dynamics in diamond networks explored
the influence of polymer degree of polymerization and the two length scales inherent in
this geometry. Under sufficient confinement (larger = , longer > , and smaller # ), this
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multiscale confinement produced trends that are consistent with simpler geometries. For
example, for = = 250 highly confined to a diamond network (> = 406, # = 56) the
polymer diffusion coefficient corrected for tortuosity is ~ 40% higher than bulk, which is
comparable to a recent result from a cylindrical pore (= = 200, #$PP = 5.0) having an
increase of ~50%. We believe that accounting for the effect of tortuosity in this manner
will be important not only in complex confined geometry such as those employed here but
also in polymer nanocomposites, particularly those at high NP loadings94,95.
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CHAPTER 3

Conformation and Dynamics of Ring Polymers

under Symmetric Thin Film Confinement
This chapter is adapted from our publication Zhang, Winey, Riggleman “Conformation and dynamics of
ring polymers under symmetric thin film confinement." The Journal of Chemical Physics 153.18 (2020):
184905.128

3.1

Introduction

The molecular architecture of polymers is a key factor that affects the conformational, dynamic,
and viscoelastic properties of polymer melts. For linear polymers, the “tube-model” and Rouse
model have been well established to describe the motion of polymers with and without
entanglements, respectively. For branched polymers, due to the entropy barrier between different
conformations, the longest relaxation time exhibits exponential growth with strand length, which
is explained by the arm retraction model11,129,130. Ring polymers, unlike linear and branched
polymers that have free chain ends, exhibit distinct physical properties in polymer melts due to
their topology, which reduces the number of conformations available to the molecule. Molecular
simulations have been a powerful tool in studying the static (structural and conformational),
dynamic, rheological, and topological (e.g., threading events) properties of ring polymer
melts33,39,47,131–139.
Recently ring polymers have attracted attention not only in fundamental polymer science,
but also in biophysics because DNA is circular in many biological systems, such as bacterial and
mitochondrial DNA in eukaryotic cells. When strongly confined within a cell nucleus,
chromosomes show a high level of spatial organization with DNA molecules occupying distinct
territories, which is analogous to a melt of noncancatenated ring polymers40–43. Jung et al. modeled
bacterial chromosome by simulating a ring polymer under cylindrical confinement and observed
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an interplay between chain topology and confinement to explain the long-standing observations of
chromosome organization and segregation in E. coli45. Another study has also found an analogy
between the properties of confined polymers and that of chromosomes in bacteria where the
conformational entropy is reduced when the polymers are more compact, inducing the chain
segregation140. Therefore, understanding the conformation, segregation, and dynamics of ring
polymers under strong confinement is important not only for polymer science, but may also have
relevance to the study of chromosomes and DNA organization.
Linear polymers under confinement, which have been widely studied both computationally
and experimentally, provide a foundation for our study of behavior of ring polymers7,22–
24,77,81,85,86,89,92,94,96,99,141

. It has been widely observed that a significant reduction of the entanglement

density of linear polymers induced by nanoscale confinement can accelerate the dynamics of
entangled polymers under various confinement geometries, including nanoscopic pores, thin films,
and nanocomposites6,12–14,26,78,88,101. In recent work76, we demonstrated competing effects between
the local friction near the wall and chain disentanglement in linear polymers confined within
diamond-like struts. Previous studies on ring polymers have focused primarily on the static
properties under confinement44–46; however, studies examining changes in dynamic properties are
limited, and strongly confined systems have been given less attention. Recently, Pressly et al.
demonstrated a strong correlation hole effect induced by 2D (cylindrical) confinement that causes
linear polymer chains to segregate from each other under strong confinement14, an effect that is
much weaker in planar thin films13. The correlation hole effect under 2D confinement led to a nonmonotonic dependence of the diffusivity on the extent of confinement; an initial increase in the
diffusivity associated with disentanglement was followed by a sharp decrease due to the enhanced
correlation hole effect. Since ring polymers exhibit a more pronounced correlation hole effect
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compared to linear polymers47, we hypothesize that the confinement-induced correlation hole effect
to require less confinement in ring polymers compared to linear polymers.

In this work, we focus on unknotted ring polymer melts under symmetric thin film
confinement and show the effects of confinement on both chain conformations and
dynamics over a range of chain lengths and film thicknesses. Compared to linear polymers,
we observe a stronger center-of-mass layering of ring polymers in the direction normal to

Figure 3.1. (left) Symmetric thin films with thickness of ` = 5 6 filled with ring
polymers of chain length = = 350. The walls (in white) are made up with LJ particles
of 6 = 1 with bead density of @- = 1.3/6 ./ and are hidden in the image on the right.
Each chain is given a unique color in both images.

the film. The changes in the average chain conformations in both perpendicular and parallel
directions to the wall are similar to that of the linear polymers. We observe a monotonic
decrease in the diffusivities as the film thickness decreases due to increased role of friction
between the polymers and the walls, which is supported by a Rouse mode analysis of our
ring polymers. Finally, we demonstrate that the effect on the segmental dynamics extends
over several monomer sizes.
3.2

Molecular Dynamics Simulations of Confined Polymers
Our molecular simulations employ the coarse-grained bead−spring Kremer−Grest (KG)
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model106, where non-bonded monomers interact through the repulsive part of the Lennard% &'

Jones (LJ) potential: ((*) = 4- ./ # 0

% (

!

− / # 0 2 for * ≤ *)*+ = 2" 6 . All quantities are

reported in units that are normalized by the potential strength, -, the monomer size, 6, and
!

the time 7 = 6(8/-)# , where 8 is the monomer mass. The bonded interactions connecting
two successive monomers are governed by a finitely extensible nonlinear elastic (FENE)
potential with 9 = 30-/6 ' and #, = 1.56. The polymer model we are using in this study
corresponds to the ideal situation of fully flexible polymers, and the number of monomers
per chain in our simulations is = = 50, 100, 200, or 350. For linear polymer employing
this flexible model the average number of monomers between entanglements, =$ ≈ 50.
All the simulations are performed with LAMMPS MD simulation package with the
velocity-Verlet algorithm and a Nosé−Hoover thermostat107. The temperature is constant at
T = 1.0 in all simulations presented below.
To construct the symmetric thin films, we begin with a rectangular box with a zdimension of the height of thin film thickness ` + 4 6, and the box is filled with LJ
particles at a density of @- = 1.3/6 ./ . The system is equilibrated in the NVT ensemble at
T = 1.5 where the fluid is in a liquid state. After equilibration, we remove the particles in
the center of the box to create a cavity of the desired film thickness with 26-thick walls on
either side of the box of amorphous LJ particles. The interaction between the wall beads
and the polymers is identical to that between the polymer monomers, and the wall
monomers are not integrated during the production simulations. Thin films with five
different thicknesses (` = 5, 7, 10, 14, 206) are created to cover a range of confinement
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ratios.
To insert the ring melts into the cavity, we separately begin with a large empty
simulation box, of which the sizes on x and y directions are the same as thin films
constructed previously. Ring polymers are placed on a cubic lattice in this box at a low
density to avoid any concatenation, and each molecule is constructed by placing monomers
on a circular path in a plane with a random orientation. As such, the initial density of the
system is very low since the rings are widely separated. We start with an NVT simulation
to relax the initial configurations, and we subsequently compress the box in the z-direction
at a slow rate to ensure the stability of the simulation during compression. The compression
continues until the box can fit into the thin film cavity described above, and the bead
density inside the cavity will be @- = 0.85/6 ./ as is commonly used for coarse grained
simulations. During the compression, the boundary condition in the bc-directions are
periodic and the d-direction is set as non-periodic. Finally, we insert the ring polymers
between the amorphous walls generated as described above, after which we begin the
equilibration process. We equilibrate at constant temperature using standard MD until the
center of mass mean-squared displacement (MSD) exhibits diffusive behavior. The
equilibrated MSD plots for each system can be found in the Appendix A.
3.3

Results and Discussion

3.3.1

Chain Conformations in Confined Films

The monomer density near the wall is unaffected by chain length and polymer architecture.
The standard liquid-like layering of polymer monomers is observed for the monomers that
49

Figure 3.2. (a) Monomer density of ring polymers for different degrees of
polymerization (= = 50, 100, 200 and 350) and linear polymers with = = 50 at the
confinement thickness of ` = 106 . This film thickness corresponds to

Q
'N,

=

1.94, 1.41, 1.05, 0.81 and 1.40(linear), respectively. (b) Normalized center of mass
density of ring polymers and linear polymers at the same confined situation as the
monomer density plot in (a). The positions of the polymers in the confinement z is
normalized by the 2#0 , where #0 is the bulk radius of gyration for each chain lengths
R

and 'N = 0 is the center of confinement.
,

are close to the wall, as shown in Figure 3.2a. While the ring polymers lack chain ends,
this architectural difference between ring and linear polymers has no effect on the
monomer-scale packing close to the wall. Similarities of monomer density profiles between
linear and ring polymers were also captured by Lyulin et al. in their simulation study142.
However, for the center of mass density profiles shown in Figure 2b for films with H =
106 , there is a pronounced chain length and architecture dependence. For smaller
rings = = 50 and 100, the center of mass density exhibits a peak close to the wall. For
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larger rings, the density profile flattens for = = 200 and becomes pronounced in the film
center for = = 350. Furthermore, unlike the similarity observed for monomer density
profile between the linear and ring polymers, the peak adjacent to the walls of linear
polymers is much smaller than the that of the ring polymers. Due to the overall more
compact nature of ring polymers, packing at the chain scale is significantly perturbed by
confinement even though the monomer packing is the same for both linear and ring chains.
The conformation of ring polymer melts under thin film has been analyzed in terms
of radius of gyration. The results for #0 in parallel directions along the walls are shown as
a function of chain lengths under different confined conditions in Figure 3.3a. For bulk
systems, the exponent f in the scales #0 ~= S of rings polymer melts is ~ 0.43, which
demonstrates the absence of screening of excluded volume in the ring melts. This result
agrees well with the previously reported exponent f less than 1/2 (f ≈ 0.4 ~ 0.43 and f =
1/3 for very long chains) where ring polymers does not conform to "ideal" with screened
excluded volume interactions as linear chains27–36. Once ring polymers are confined, we
notice that as the system becomes more confined (smaller thickness), the exponent f of
ring polymers starts to approach to that in the strictly two-dimensional (! = 2) melts (f =
1/2), where the chains adopt compact configurations and become segregated. This result
agrees with Baschnagel and coworkers’ findings regarding the segregations of linear chain
melts in two dimensions143. Meanwhile, we provide the data of linear chains from the work
of Pressly et al. as comparison.
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Figure 3.3. (a) #0 in the parallel direction along wall as a function of the chain lengths
at different films thicknesses for both linear polymers (open) and ring polymers (filled).
The slopes labled in figure is the fitted exponent f in the scales #0 ~= S . (b) Normalized
average #0 in the parallel direction, perpendicular direction along the wall and in all the
directions as a function of the degree of confinement `/2#h, for both linear polymers
(open) and ring polymers (filled).

The normalized radius of gyration of the polymer rings in the directions parallel and
perpendicular to the wall is displayed in Figure 3.3b as a function of the degree of
confinement g = `/2#h, , where #h, denotes the radius of gyration in the bulk. The ring
chain conformations in the parallel direction are slightly extended with stronger
confinement, like the behavior of the linear chains. In the perpendicular direction, the
normalized conformation of ring polymers is significantly reduced, and the dependence on
g is strongest below g < 1. In the range 1 < g < 2, the ring polymers are slightly less
compressed than their linear analogues, but the difference is modest. The overall radius of
gyration of both polymer configurations is not significantly affected, except in the region
very close to the walls. Both ring polymers and linear polymers start to become more
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compact in the range 0.5 < g < 1 and in the extreme confined situation g < 0.5, we notice
that linear chain are compressed by the walls, which causes the overall radius of gyration
to begin to increase.
3.3.2

Ring Polymer Diffusion in Confined Films

The center of mass diffusion coefficients (normalized by the linear chain value for = = 50)
of ring polymers are plotted as a function of the chain length for different film thicknesses
in Figure 3.4(a). The diffusivity of the bulk ring system exhibits the scaling behavior of

Figure 3.4. (a) Normalized in-plane diffusion coefficients (xy) calculated from the ring
center of mass mean-squared displacement versus degree of polymerization for various
channel heights (H) and bulk. The chain diffusion coefficient is normalized by the D of
a linear chain with N = 50. (b) Normalized in-plane diffusion coefficients of ring
polymers versus channel height for various degrees of polymerization (N = 50, 100,
200 and 350) and linear polymers N = 200 . The chain diffusion coefficients are
normalized by the bulk ^, corresponding to each chain length.

^, ~= .&.' , which is consistent with theoretical results for unentangled ring polymers39,134
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and demonstrates the absence of entanglements in the ring polymers in this study. Based
on previous reported MD simulations27,144, we observe that the shapes of our ring polymers
are very close to percolation clusters145 which are used to describe randomly branched
polymers with screened excluded volume interactions. This could help explain why the
diffusion behaviors of ring melts follow Rouse-like dynamics better than linear polymers
of the same chain lengths. We also show the scaling behavior of the entangled bulk linear
polymer ^, ~= .'.&> from work of Pressly et al. as comparison. The difference of scaling
behaviors between linear and ring polymer melts departs from the scaling behavior in
solutions146, where it was demonstrated that scaling exponent i of ^~= .U is similar
between linear polymers and ring polymers (i is between 0.62 and 0.69 for both polymers).
When the ring polymers are symmetrically confined in a thin film, the in-plane diffusion
coefficient D∥ decreases compared to ^, as the film thickness decreases. However, the
scaling with = is not affected by confinement, because there is no disentanglement effect
as observed in linear polymers6,14.
The normalized in-plane diffusion coefficient under confinement for ring polymers
decreases monotonically as the channel thickness narrows, Figure 3.4b. This reduction of
the ring polymer normalized diffusion coefficient reached ~ 60% and is independent of the
chain length. We posit that for unentangled ring polymers, the diffusion coefficients
primarily change due to the interaction between the confining walls and the polymer
monomers, which causes a change of the monomeric friction that is independent of chain
length. This result is also consistent with the observation that the monomer-scale packing
is unchanged near the walls as a function of chain length. For comparison, Figure 3.4b
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includes the normalized in-plane diffusion coefficient of linear entangled polymers13 with
= = 20 0. Unlike unentangled ring polymers, as the channel thickness decreases, a
significant increase of the diffusivity of the linear chains compared to the bulk is observed,
which is a result of disentanglement induced by confinement.
3.3.3

Segregation of Ring Polymers

The correlation hole effect, which is a weak center-of-mass repulsion in the potential of
mean force between polymer chains in a melt, becomes stronger when the molecules are
confined. Compared to their linear counterparts, ring polymers are more compact, which
amplifies the correlation hole effect. To quantify the correlation hole effect, polymer self-

Figure 3.5. Normalized self-density @-$WP with respect to the bulk density @, for ring
polymers with different degrees of polymerization N = 50 (a), 100 (b), 200 (c) and 350
(d) under confinement.

55

density @-$WP is calculated by treating the center-of-mass of a test chain as the origin and
calculating the density of monomers of the test chain as a function of distance from its
center of mass, as shown in Figure 3.5. For each system, @-$WP goes to zero at large
distances, as expected. However, the normalized self-concentration of the ring polymer
near its center of mass (* = 0) depends on both the ring size and the degree of confinement.
For small rings (Figure 3.5a), the normalized @-$WP is nearly independent of film thickness,
with only a slight increase (~ 6%) in the most confined system. As the ring size increases
to = = 100, Figure 3.5b shows an overall decrease in the normalized @-$WP relative to N =
50 (as expected) and a more pronounced correlation hole effect for * < 0.5#h, particularly
in the thinnest film, ` = 56. These trends continue for the larger rings (Figures 3.5c and
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3.5d), where the correlation hole effect becomes evident in films of thickness 56 and 76,
and even 106 when N = 350.
To quantitatively compare the correlation hole of all ring sizes, we plot the relative
Q

change in the self-density at * → 0 as a function of the dimensionless film thickness, 'N0 ,
-

Figure 3.6. The value of @-$WP (* → 0) is extrapolated to the origin after fitting a polynomial
@-$WP (*) to the curves in Figure 3.5 for * < #h, . We find that the value of @-$WP (* → 0)
relative to the bulk value starts to increase for films thinner than ` = 2#h, , as the
Q

polymers’ conformations are deformed due to the confinement. In the systems with 'N0 <
-

1, the data appears to fall onto a master curve with a slope of approximately -1.4, though

Figure 3.6. Normalized @-$WP (* → 0) as a function of the degree of confinement
`/2#h, for all ring polymers under all confined systems. The guide to the eye with a
slope of -1.4 is the limiting observed value, and more data at smaller `/2#h, would be
needed to confirm this trend.
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clearly more data over a broader range of confinement would be needed to verify this
scaling.
3.3.4

Rouse Mode Dynamics

The Rouse model is a well-known and simple model that has been widely used in both
experiments and simulations to describe the chain dynamics for unentangled linear
polymers. It has also been successfully applied to describe the dynamics of ring polymers
with the slight modification that the number of modes has to be even133,134. The vanishing
of odd modes of a ring polymer can be explained by the fact that a wave vector that starts
from any point (or bead) along the ring should practically complete a full period (a
wavelength multiplied by an integer value) when it is halfway through the polymer contour,
as required by the symmetry of the two halves of the paths along the ring polymer
backbone134. The Rouse modes of a ring polymer of size = are defined as
2

1
QRS
X! (J) = K *1 (J)MNO (
) , R = 0, 2, 4, 6, 8, …
=
=

(4.1)

13&

where *1 (J) is the position of the Q+X monomer in the chain at time J. Given X! (J), one
can also obtain the normalized time correlation of Rouse modes as11,122
W! (J) =

< X! (J) ⋅ X! (0) >
< X! (0) ⋅ X! (0) >

(3.2)

The analysis of the Rouse dynamics is valuable because it provides a lucid view of the
dynamics of the chains on scales involving =/R monomers for the various Rouse modes.
The resulting autocorrelation functions are shown in Figure 3.7a along with fits to a
)$

stretched exponential function Z .(+/6$,&'( ) . We then obtain 7! as the integral of the fitted
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function, which leads to 7! =

6$,&'(
Y$

&

m(Y ), where Γ(b) is the Gamma function. For bulk
$

systems, as we expected, the dynamic behavior of the ring polymers follows the Rouse
2

mode scaling 7! ~( ! )' except for large R values, as shown in Figure 3.7b. The deviations
at large R are due to packing effects on short length scales. The consistent scaling of 7! ∼
R.' in the bulk is consistent with our observation above that the rings are not entangled
even for the chain length of = = 350.
To analyze the effect of confinement on the dynamics of ring polymers, we
compare the relaxation time 7! of the different modes for chains with = = 50 and = =
350 under varying degrees of confinement in Figures 3.7c and 3.7d, respectively. We have
scaled 7! by the product R' /= ' to more easily show the deviations from the expected bulk
behavior. A monotonic increase of 7! at all Rouse modes is observed as the film thickness
decreases, which is attributed to the friction between the confining surface and the polymer
monomers. This observation applies to all the polymer chain lengths in this work, even for
the longest = = 350, Figure 3.7d, demonstrating that the dynamics of these ring polymer
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systems are dominated by the interfacial interactions between polymers and confinement
walls.
3.3.5

Intermediate Scattering Function

Figure 3.7. (a) Relaxation of Rouse modes (p=2, 8 and 32) of ring polymer with chain
length = = 350 under confinement with thickness from 56, 106 and 206. (b) The
relaxation time 7! as a function of =/R for bulk ring melts with = =
50, 100, 200 sQ! 350 . The relaxation time 7! as a function of mode R with ring
polymer length of = = 50 (M) and 350 (!) under confinement.

The intermediate scattering function p- (q, J) is the spatial Fourier transform of the selfpart of the Van Hove correlation function r- (*, J)22,147, which can be calculated as
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2

1
p- (q, J) = t r- (*, J)Z .?Z⋅# !* = K < ZbR[−uq ∙ w*\ (J) − *\ (0)x] >
=

(3.3)

\3&

where N is the total number of monomers. Since we are interested in the local relaxation
behavior of monomers at positions under the confinement, we will analyze |q| = 7.16 .& ,
which approximately corresponds to the first peak of the static structure factor. To study
the effect of confinement on the local dynamics of ring polymers, p- zq]^ , J{ is calculated
using wave vectors in the plane of the film, as shown in the Appendix A.2. The changes in
local relaxation time 7Z]^ for bulk and confined polymers are extracted via the same
procedure as described above for the Rouse mode analysis. We plot 7Z./ (d) as a function

Figure 3.8. Relaxation time 7Z./ 3_.& (d) as a function of monomer position under thin
film confinement with film thicknesses 56 to 206 for ring polymers with chain length
= = 50 (filled) and = = 350 (open). The dashed horizontal line is the value of
7Z./ 3_.& in the bulk.

of monomer position within confined thin films with thicknesses of 56, 106 and 206,
Figure 3.8. The changes in the relaxation time at this elevated temperature extend a few
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monomer diameters into the films from the interfaces. The largest observed changes at the
interfaces are found in the thinnest films and are only a factor of ∼ 3.5 slower. The
slowdown of local dynamics for those unentangled polymers is also independent of chain
length. These findings are consistent with previous studies on linear polymer chains
demonstrating that for unentangled systems, the increase of the chain relaxation time is
caused by the interactions with the walls78.
3.4

Conclusions
Using MD simulations, we have examined the structure and dynamics of unknotted

ring polymer melts under athermal, symmetric thin film confinement. We have varied the
film thickness from 56 to 206 for ring polymer chain lengths N= 50, 100, 200, 350, and
analysis of the diffusion coefficient as a function of N indicates that all chain lengths are
within the unentangled regime. In all confined systems, a pronounced chain length
dependence is observed in the center-of-mass density profile. Specifically, at a constant
film thickness, a maximum in the center-of-mass density develops with increasing ring size
and is larger than the corresponding linear polymers. We also examine the chain
conformation by calculating the radius of gyration in both perpendicular and parallel
directions and find that chains are stretched along the parallel direction and compressed
perpendicular to the walls, comparable to the linear polymer case. To characterize the
correlation hole effect and its enhancement by confinement, we analyze the self-density
Q

Q

@-$WP (* → 0) as a function of the degree of confinement 'N0 . With decreasing 'N0 there
-

Q

-

is little change in the normalized @-$WP (* → 0) until 'N0 < 1, when the excluded volume
-
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interactions among rings increases and consequently enhances the correlation hole effect
in confined ring polymers. In highly confined systems the strong correlation hole effect
prevents other rings from penetrating, thus trending toward molecular segregation. In our
calculations of the diffusion coefficient, we observed a reduction of the diffusivity, which
contrasts with what we observed on entangled linear polymers. Furthermore, through
analyzing both the Rouse modes and the segmental dynamics, we demonstrate that the slow
down dynamics can be attributed to the friction between polymers and walls.
This work provides detailed behaviors of confined unknotted ring polymers, which
are distinct from linear polymers in both dynamic and static properties, and our
demonstrates a stronger correlation hole effect once under confinement. These findings
provide insights for understanding the of confinement effect on the polymers with different
configurations. In the further, we could potentially mix ring and linear polymers together
to manipulate the behavior of the confined polymer mixtures.
Another topic of interest regarding ring polymers is the investigation of properties
of knotted ring polymers, given the topological constraints induced by the polymer itself
facilitates the study on the influence of molecular topology on the polymer properties.
Variation of the knot complexity has been demonstrated to have significant effect on the
dynamics and conformations of ring polymers since both molecular rigidity and packing
are altered148,149. Vargas-Lara et al. stated that increasing the topological complexity
number of knotting in the low molecular mass ring polymers melts leads to a rapid slowing
down of the molecular dynamics and the chains become more rigid with larger persistence
length150. Those properties of knotted ring polymer melts could also be perturbed by
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confinement and it will be valuable for us to study it further. Furthermore, we notice that
mass scaling (^~=Y ) exponent I for self-diffusion coefficient D in polymer melts is
highly dependent on temperature. Jeong et al. investigated diffusion behavior of
unentangled linear alkane chains by varying the temperature far above |0 and found that I
vary from -1.8 to -2.7 upon cooling151. They attribute this variation of I to the dependence
of the enthalpy and entropy of activation on the number of alkane backbone carbon atoms.
It would be interesting for us to study this temperature dependence in our confined coarsegrained systems, since Hanakata et al. has demonstrated that the activation enthalpy of
linear polymers are affected by the confinement152, which will cause the variation of I as
function of temperature different from that in bulk once confined.
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CHAPTER 4

Load-Bearing Entanglements in Polymer Glasses

In this chapter, experiments are done by our collaborators Cynthia Bukowski and Alfred J. Crosby from
University of Massachusetts Amherst.
Bukowski, C., Zhang, T., Riggleman, R.A., Crosby, A.J. "Molecular and Macroscopic Determination of
Entanglement Effects in Polydisperse Glassy Polymer Blends Under Uniaxial Tension." (co-first author),
paper accepted, 2021.

4.1

Introduction

Glassy polymers, those below their glass transition temperature (Tg), are crucial to an
expansive range of current and emerging technologies, from additive manufacturing to
filtration membranes for clean water. Their stiffness and processability make them
attractive materials for many applications, and their strength, or ability to resist failure, is
decisive for determining lifetime and performance limits. The strength of polymer glasses
has been studied classically, and it is broadly understood that entanglements between
polymer molecules in the glassy state play a crucial role in the determination of strength.153
Below a critical number of entanglements per molecule in the glass, polymer materials are
excessively brittle and break at diminishing levels of stress.154,155 Above this critical
entanglement density, polymer materials dissipate energy through intermolecular
disentanglement and molecular scission to enhance strength and toughness, the ability to
resist failure from flaws. These processes are unique to polymers and are a large reason for
their wide-ranging use in many technologies. While entanglements are crucial for strength,
they also necessitate the use of volatile solvents or excessive temperatures during the
processing of glass-forming polymers. These practices are environmentally costly.156
Ideally, the minimal degree of entanglements could be known in order to design maximally
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strong polymer materials processed with minimal environmental cost. However, a
molecular view of how polymer entanglements determine strength and toughness has not
been fully developed, thus hampering the efficient design of polymer materials. Here, we
combine new experimental capabilities with molecular dynamics (MD) simulations to
reveal that not all entanglements contribute equally in a polymer glass. We develop and
validate a new scaling theory that describes the number of strength-contributing
entanglements per polymer chain, thus providing a quantitative framework for maximizing
strength with minimal entanglements in a polymer glass.
The mechanical properties of polymer glasses are controlled by the interplay of van
der Waals forces and entanglements. Van der Waals forces between polymer segments
dominate at low strains and temperatures, defining properties such as the elastic modulus,
while entanglements dominate at large strains and high temperatures.157 The transition
between these regimes is associated with the activation of mobile segments along the
polymer chains, which controls the onset of yielding and subsequent permanent, or socalled plastic, deformations and failure. For polymer glasses, plastic deformation is often
associated with the growth of crazes or shear deformation zones, both of which are
localized deformation mechanisms that precede crack growth and ultimate failure. The
morphology and growth mechanisms of both crazes and shear deformation zones have been
studied extensively since the 1970s.158–162
The role of entanglements in both crazes and shear deformation zones has been well
established through experiments, simulations, and theory.158,160–163 Crazes form at low
entanglement densities, and shear deformation zones form at high entanglement densities.
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The stability of a craze, or the resistance for a craze to break down and form a crack, is also
a function of entanglement density, as well as temperature and strain rate.164 Many
previous experimental studies have focused on understanding these deformation
mechanisms, as they can be tracked morphologically with optical and transmission electron
microscopy.66,159,165–167 A particularly attractive aspect of this approach is that it is
conducive to using thin films, where model polymer blends between polymers with narrow
polydispersity and controlled enthalpic interactions can be used to empirically isolate the
role of molecular entanglements.167,168 However, linking these deformation mechanisms to
the mechanical strength of a polymer glass is challenging since measurements of
mechanical strength, such as the maximum failure stress or critical strain energy release
rate, have been limited to thicker, bulk specimens where model polymer blends with
controlled entanglements are challenging and cost prohibitive. In this study, we overcome
this limitation by using a recently developed experimental method that allows measurement
of the complete uniaxial stress-strain response of ultrathin polymer films.65,66 This
approach allows us to systematically alter the state of entanglements using model polymer
blends while also measuring their impact on mechanical strength.
MD simulations have provided valuable insights into the role of entanglements in
the properties of polymer melts and glasses.163,169,170 Simulations of even simplified,
coarse-grained glasses exhibit behaviors that agree very well with experiments during
deformation close to Tg, where the response is ductile.171,172 However, there are numerous
challenges including the disparate length and time scales accessible to simulations and
experiments, and the failure mode in common coarse-grained models is often ductile even
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at conditions where experiments expect brittle failure. Even at very low temperatures, the
ductile response makes direct connection between the failure properties of glassy polymers
in experiments and molecular simulations challenging. Below, we identify the appropriate
quantities that describe mechanical strength in both MD simulations and experiments to
realize quantitative connections between the two. This advance provides important
opportunities for using predictive MD simulation studies to guide the design of more
efficient polymer materials.
In addition to simulations, scaling theories have contributed to defining the role of
entanglements in the mechanical properties of polymer glasses. Most theories have focused
on understanding deformation mechanisms, such as crazes and shear deformation zones,
and measurements of ductility, such as the maximum stretch ratio. These parameters and
mechanisms can be connected to the morphological analysis approach afforded by thin
films with controlled entanglement networks. However, Mikos and Peppas developed
predictive scaling models that focus on predicting the strength and toughness of polymer
glasses, both of which are potentially more important for straightforward engineering
design of new materials.173–176 They approach the role of entanglements by developing a
stochastic model based on effective crossings. An effective crossing is one in which two
neighboring entanglements fall on opposite sides of a fracture plane allowing the crossing
to bear a load.173 This distinction excludes chain ends from being able to form
entanglements. Counting the number of effective crossings per unit area, they postulate
that fracture energy is controlled by the energy required to rupture all crossing molecules
in a system with a Schultz-Flory distribution. For a polydisperse polymer material, the
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fracture energy was proposed to obey r` = r`a Z b.0c , where GF∞ is the fracture energy
for a polymer system with infinite molecular weight, n = Mn/Me, Me is the material-specific
molecular weight between entanglements, and Mn is the number average molecular weight.
de1

For bulk specimens, which realistically have defects, the strength scales as 6` ~ }

f

where E is the elastic modulus and L is the length of the largest defect. In the limit of zero
#

defects, the strength is 6` = 6`a Z b.0c , where 6F∞ is the critical strength for an infinitely
long chain. While these predictions for fracture energy and strength seemingly compared
favorably to classical experimental data, these comparisons were made over ranges of
molecular weights where it is difficult to resolve their accuracy and the influence of the
chosen parameters, r`a and 6`a . Furthermore, many of the comparisons were made with
samples that had low polydispersity. While advantageous in many respects, these low
dispersity samples do not allow for understanding the role of various entanglements found
in more typical polydisperse polymer materials. As we demonstrate below, the Mikos and
Peppas theory does not accurately predict the behavior of all polydisperse systems. Using
the insight offered by MD simulations, we develop a modified theory that demonstrates
that strength and fracture energy of polymer glasses are dictated by a predictable fraction
of the interchain entanglements.
In this work, we utilize a combined experimental and molecular dynamics approach
to understand the role of entanglements on the deformation failure processes of thin glassy
polymer blend films. The ability to directly quantify the far-field stress-strain response of
model glassy polymer blend films provides a quantitative pathway to connect to molecular
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dynamics simulation results. This approach allows us to examine both the macroscopic
perspective of experimental films and the molecular perspective of local dynamics chain
simulations to attain a multi-size scale understanding of polymer strength.
4.2

Results

Figure 4.1. Macroscopic experimental dogbone shaped specimen (pictured) loaded in
TUTTUT for uniaxial extension. Molecular level simulations depict chains sliding past
one another to form openings in the film as it is strained. Blended systems are composed
of long (dark blue) and short (light blue) chains where most load-bearing entanglements
(orange dots), if not all, are among the long polymer chains.

To control the number of entanglements in the system, monodisperse polymers of the same
chemical structure are mixed (Figure 4.1). The monodisperse polymers have different
molecular lengths including a species that is much longer than Ne, species that are close to
Ne, and a species that is much less than Ne. In experiments, polystyrene of Mn = 150.9 kDa
is mixed with either Mn = 13.7 or 59.5 kDa polystyrene. Simulations are a combination of
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chains of length N = 250 combined with N = 10, 30, or 60 chains. This method of sample
preparation allows a wide range of the average number of entanglements per chain to be
sampled, as the shorter chains dilute the longer chain’s entanglement network.167,168 In both
experiments and simulations, various blend fractions are used where the volume fraction
of long chain is represented by ~. In this manner, both the experiments and simulations are
designed to provide quantitative insight into how the entanglement network contributes to
the mechanical properties of glassy polymer materials.
4.2.1

Mechanical Properties of Polymer Blends
The measured mechanical response at various diluent concentrations with two

different diluent molecular weights are shown in Figure 4.2 for both simulations and
experiments. As the concentration of the high molecular weight chains is decreased, the
maximum stress and failure strain begin to decrease for ~ below 0.80 in the experiments.
In Figure 4.2A, the representative curves for each blend demonstrate an initial linear elastic
stress-strain response that plateaus after yield for larger ~ values. Blends with ~ > 0.80 are
dominated by the long chains in the system, and the short chains have little effect on the
maximum stress. The plateaus in the curves indicate plastic deformation in the form of
crazing. Crazes were observed with The Uniaxial Tensile Tester for UltraThin films’
(TUTTUT) in-situ microscope across the gauge perpendicular to the axis of stretching for
many measured samples with high ~. Lower ~ value blends may have crazed locally
around the failure location, but this location was not always in the microscope view and
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Figure 4.2. (A) Representative uniaxial deformation stress-strain response for each
blend tested experimentally on TUTTUT. ~ represents the volume fraction of long
chains in the system. The top graph is blends with 13.7 kDa as the short chain diluent
and the bottom with 59.5 kDa. (B) Uniaxial deformation stress-strain responses of N =
250 (⟨Z⟩ = 15) blended with N = 30 (top) and N = 60 (bottom) at a temperature of T/Tg
= 0.71. ⟨Z⟩ is 1.8 and 3.6 for each short chain, respectively. Low strain response is
included in the inset of each section. (C) The elastic modulus (E) for each
experimentally measured blend. (D) The average maximum stress for each blend
measured experimentally. Error bars are one standard deviation of 5-9 averaged films.
Open symbols represent blends that were attempted but too brittle to manipulate in
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The toughness value for each simulated blend.

only reach a dilution level of ~ = 0.75 before becoming too brittle to manipulate.
The experimental stress-strain curves in Figure 4.2A bear some resemblance to
those simulated using blends of chains N = 250 and N = 60 or 30 in Figure 4.2B. At the
low strain regime in the simulation stress-strain curves, there is an initial linear elastic
region followed by a yield stress and post yield stress drop (see Figure 4.2B inset). After
yielding, we observe different failure mechanisms by varying the degree of dilution (~).
There is a plastic plateau regime followed by strain softening across most of the blend
systems; we observe a strain hardening regime only for highly entangled systems (~ >
0.50). The regimes exhibited in highly entangled systems are in qualitative agreement with
a prior simulation study of crazing behavior in the bulk.177
In the experiment results, a constant elastic modulus (E), within error, is observed
across all blends (Figure 4.2C). The measured moduli for polystyrene are comparable to
literature values of bulk polystyrene specimens178,179 and experimental values of thin
films.53,66,180 The maximum stress 6gh] for blends with ~ > 0.80 is also approximately
constant (Figure 4.2D). Below ~ = 0.80, the maximum stress decreases as a function of
decreasing long chain volume fraction for both blended systems. The decrease observed in
the 13.7 kDa diluted blends is a stronger function of the volume fraction than the 59.5 kDa
blends.
The maximum stress in polystyrene is controlled by the craze propagation stress
and the molecular weight.154 By blending chains, we are adding more chain ends to the
sample, altering the average molecular weight of the system, and continuously diluting our
entanglement network.167,168 However, the maximum stress remains constant for undiluted
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and minimally diluted films, even as the addition of short chains is decreasing the total
number of entanglements in the system. This suggests that not all entanglements bear load
or are necessary to reach the maximum stress during a mechanical test.
Diluting films with more than 20 vol% of short chains (~ < 0.80), the maximum
stress begins to decrease suggesting that a critical number of entanglements necessary for
achieving maximum strength is no longer present. This result is consistent with previous
craze morphology measurements on polystyrene blends conducted by Kramer and
coworkers, who observed that the true stress in craze fibrils remains constant until a critical
value of entanglement density is reached.167 However, connecting this craze fibril stress to
the macroscopic strength has not been demonstrated previously. The Mikos and Peppas
theory,173 discussed above, should quantitatively describe this development of strength
above a critical number of entanglements, but a direct validation has yet to be
demonstrated.
Compared to the experimental stress-strain curves, the results from simulations,
where non-volume conserving strains were applied, are much more ductile, and the strain
at which films fail are orders of magnitude larger that experimental values. Simulated films
with ~ > 0.50 exhibit strain hardening in strain regimes not achievable experimentally.
These disparities in stress-strain response between experiment and simulation can be
attributed to two main differences. First, there is a finite size effect in the simulation.181
The length scale of the simulation box is small compared to the large size scale of
experimental specimens. We also compared the stress-strain response of different
simulation box sizes to demonstrate the size effect and do not see a significant difference.
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Second, there is a large difference in molecular friction between coarse-grained polymer
models and real polymers. In simulations, failure only occurs through chain pull-out.
Assuming a covalent bond should carry approximately 100 times the energy of a van der
Waals bond to break, at no point do we observe any bond energies sufficiently large to
merit consideration of chain scission. Experimentally, it is known that both failure modes,
chain pull-out and scission, play a role and that mechanically induced failure is highly
defect dependent.167,182
While these differences make direct comparisons between simulations and
experiments challenging, we have identified the key parameters that allow quantitative
connections to be made. In the glassy state, the elastic modulus is dictated by local
intersegment interactions, dominated by van der Waals forces in the system studied here.
Accordingly, trends of the elastic moduli as a function of entanglement density, or blend
composition, should be comparable between experiments and simulations (Figure 4.2C and
4.2E, respectively). We see that both data sets have a constant elastic modulus across all
blends measured. For failure related properties, the key parameters are the maximum stress
for the experiments and the toughness for the simulations (Figure 4.2D and 4.2F,
respectively). The maximum stress is dictated by the onset of local yielding processes
associated with the onset of pre-fracture mechanisms, such as crazing. Consistent with
classical models of yielding and crazing in the polymer glasses, we anticipate that the
energy barrier for this local process should scale with the work to failure, or toughness,
i

measured in the simulations: m = ∫, 23- 6!- , where -%3, denotes the ε at which 6 crosses
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zero in Figure 4.2B. The toughness measured in the simulations reveals a monotonic
increase as more long chains (N = 250) are incorporated in the films, and blends with N =
30 are less tough than blends with N = 60 at the same ~ (Figure 4.2F).
4.2.2

Determining How to Count Entanglements

Figure 4.3. Normalized experimental maximum stress, 6Max/6∞, (A), and normalized
simulated toughness, m/m∞, (B), as a function of entanglements, ⟨Z⟩. Here, ⟨Z⟩ is the
Mn obtained from gel permeation chromatography of each blend divided by the Me of
polystyrene (18.1 kDa). For simulations, ⟨Z⟩ average chain length N for each blend
divided by Ne (16). Maximum stress and toughness are normalized by the maximum
stress of polystyrene chains N ≈ 18,500 and the toughness of chains N = 250,
respectively.

While the experimental maximum stress and simulated toughness values appear to scale
differently, according to the Mikos and Peppas theory, the failure processes should scale
with entanglement number not blend volume fraction. Testing the Mikos and Peppas model
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with our data, we plotted a normalized maximum stress and normalized toughness for the
experiments and simulations, respectively, against the average entanglement number (⟨Z⟩)
in the system (Figure 4.3). The Z1 algorithm has been employed to extract the mean
number of interior kinks per chain ⟨Z⟩ ≈ N/Ne, which is considered to be proportional to
the number of entanglements, regardless of the details of the definition used to define an
entanglement. ⟨Z⟩, experimentally, is calculated using the number average molecular
weight of the blend system, the same average used by Mikos and Peppas. From this point
forward, ⟨Z⟩ will be used to describe both simulation and experiment and is defined as
N/Ne or Nn/Ne, respectively, where Ne is the chain length between entanglements. This
value is equivalent to the value of n described in the original Mikos and Peppas model.
The maximum stress and toughness of each blend is normalized by the value
measured for a system with an effectively infinite degree of polymerization (for
experiments Nn ≈ 18,500; for simulations, N = 250) and ~ = 1. Experimental measurements
of Nn ≈ 18,500 are provided in Figure S1. The plotted data should collapse onto a single
exponential curve if in agreement with the model. In Figure 4.3, it is evident that the model
does not adequately describe the experimental or simulation results. This finding clearly
indicates that the average entanglement number, ⟨Z⟩, does not accurately determine the
failure properties of polymer glasses. To gain a better understanding of why this may be,
we turned to simulations to observe local chain dynamics and determine differences among
the entanglements in blended systems.
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Simulations have shown that not all entanglements in a system are load-bearing.
For better visual presentation, one of the long chains is selected from one of the blend films
and the monomers along the chain are color labeled by the average bond stress calculated
in their corresponding primitive path (PP) (Figure 4.4A).183 A primitive path is the section
of chain equal in length to Ne. The first PP is from the end of a chain to the first
entanglement. The second PP is from the first entanglement to the second entanglement
and this repeats until the center of the chain is reached. A schematic of each PP can be seen
in Figure 5.4B. The distribution of stress is heterogenous throughout the deformation,
where some of the PPs internal to the chain (far from the chain end) carry more stress as
the deformation proceeds. This is quantified in Figure 4.4B, where the stress contribution
from the PPs at different distances from the chain end show that ends support much less
load on average than the other sections further away from the ends. This observation
supports the earlier claim that not all entanglements in the entanglement network bear load.
While the strains here are much larger than those seen experimentally, the increased bond
stress towards the center of the chain supports the idea that stress on those entanglements
is more likely to lead to chain scission at high strains in an experimental system, where
molecular friction is higher. This finding suggests that a more meaningful definition of ⟨Z⟩
may be necessary.
When the total entanglement density (ρ) is calculated for varying dilution levels in
the simulations, since all diluents are near or above the molecular weight between
entanglements, ρ remains constant when accounting for all entanglements in the system
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Figure 4.4. (A) Simulation snapshots at various levels of strain. A single chain,
highlighted in red in the top row, is shown individually below indicating varying levels
of force on each primitive path along the chain. (B) The average bond stress as a
function of strain on each primitive path in a blend of N = 250 and N = 30 at ~ = 0.50.
The schematic next to the graph outlines where each mentioned primitive path is
located. Primitive paths are color coded to match the plotted points. Entanglements
occur at each orange dot. (C)&(D) Solid symbols represent calculations that consider
all entanglements in the blend systems and hollow symbols only consider load-bearing
entanglements. (C) The density of entanglements, ρ, in each simulated system as a
function of dilution. (D) The number of entanglements, ⟨Z⟩, as a function of dilution.
The dashed line corresponds to N = 60 and the dotted line corresponds to N = 30 as the
diluent chain.
regardless of whether the entanglements are load-bearing, as shown in Figure 4.4C. Here,
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ρ is calculated by dividing the total number of entanglements in the system by the volume.
Removing the entanglements that occur between the first and second PPs shows that the
entanglement density decreases approximately linearly as a function of ~ (hollow symbols
in Figure 4.4C). The trend in the hollow symbols shows a ~~0.92 dependence, which is
similar to the previous empirical scaling that suggested the molecular weight between
entanglements, Me, increases for blends between long, entangled chains and short,
unentangled chains: Ä$ (~) =

g+ (j3&) 184,185
.
j

While

consistent with some of our

observations, this scaling does not provide an accurate description of load-bearing
entanglements, especially when short chains may provide a non-zero number of loadbearing entanglements.
Similarly, the average number of entanglements per chain (⟨Z⟩) in Figure 4.4D
exhibits a linear relationship with ~ when all the entanglements are considered. When we
exclude the entanglement between the first and second PP (⟨Zeff⟩), a nonlinear relationship
between ⟨Zeff⟩ and ~ emerges. This dependence can be described by a mean-field model
that assumes the chains are homogenously mixed and that the primitive paths near the chain
ends do not contribute as load-bearing entanglements. The model is given by:
< E$PP > = [~(EW − 2) + (1 − ~)(E- − 2)]
EW − 2
E- − 2
× .~ Ç
É + (1 − ~) Ç
É2
EW
E-

(4.1)

where Z represents the number of entanglements per chain ⟨N/Ne⟩ or ⟨Nn/Ne⟩ for the
simulations and experiments respectively and with s and l corresponding to short and long
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chains. The first bracketed part of the equation is a volume-fraction weighted average of
the mechanically effective number of entanglements per chains and the second bracketed
term represents the probability that those entanglements are formed with another

Figure 4.5. Strength and toughness of materials as a function of load-bearing
entanglements. Normalization is carried out by the undiluted maximum stress of
polystyrene at N ≈ 18,500 and the undiluted toughness of N = 250 for the experimental
and simulation results, respectively. Experimental data is represented by solid symbols
and simulation data is represented by hollow symbols. The lines represent the modified
Mikos and Peppas model calculated for both the experiment (solid line) and simulation
(dashed line) including only load-bearing entanglements. Each shaded region represents
one standard deviation of error in each line. The schematic on the right shows a system
of entanglements with long chains (dark blue) and short chains (light blue). Solid orange
dots represent load-bearing entanglements and hollow orange dots represent nonloading entanglements. Ends of long chains are highlighted in red.
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mechanically-effective entanglement. For diluents too short to form entanglements, we
simply treat the Zs as 2 so that the load-bearing possibility is neglected. As indicated by the
dashed lines (one is for diluents of N = 60 and one is for N = 30) in Figure 4.4D, the meanfield model agrees very well with the number of effective entanglements per chain
measured from simulations in the different blend systems. This model can be successfully
applied to both experiments and simulations to study the relation between entanglements
and maximum stress or toughness, as shown in the next section. The experimental degrees
of polymerization, Nn, were obtained by dividing Mn values, measured using gel
permeation chromatography, divided by monomer weight, to account for the polydispersity
that arises when mixing polymers of varying length at different fractions. For simulations,
the average chain length was calculated for each simulated ~. The values for Ne for both
the simulations and experiments were treated as undiluted (for experiments,173 Ne ≈ 174
and for simulations,186 Ne ≈ 16).
4.2.3

Load-Bearing Entanglements Only

Utilizing the newly learned dependence of dilution on the entanglement network, we replot
our experimental and simulated data and compare to a modified Mikos and Peppas model
where we introduce two changes. First, we only account for entanglements that are load
bearing, so ⟨Z⟩⟶⟨Zeff⟩, and second, we allow for a non-zero strength (60) and toughness
(m0) for systems without load-bearing entanglements (~ = 0). The modified model is

and
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(4.2)
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The entire equation is normalized by maximum strength (6∞) and toughness (m∞) of an
infinitely long chain. Figure 4.5 shows both normalized experimental (solid symbols) and
simulation (open symbols) data plotted as a function of only the load-bearing
entanglements (⟨Zeff⟩/2). We observe that the data from both experiment and simulation
overlap and show good agreement with the modified model, equations (4.2) and (4.3),
which are plotted as a solid and dotted line for the experiment and simulation, respectively.
Most importantly, there are no fitting parameters in this comparison between the model
and the data, only measured values averaged for multiple runs. 60 is the maximum stress
of 59.5 kDa polystyrene (~ = 0), and m0 is for chains of N = 10 (~ = 0). The shaded regions
represent one standard deviation of the values used for 60, m0, 6∞, and m∞ for each line.
These results show that on a molecular level, both experiment and simulation scale in the
same manner when considering the load-bearing fraction of entanglements in the system.
The data also shows a quantitative link between maximum stress and toughness when
comparing experiment and simulation in thin glassy polymer films.
4.3

Discussion

This work uses a combination of experiment and simulations to demonstrate the
importance of considering load-bearing entanglements in the toughness of materials. By
systematically tuning the entanglement density using bidisperse and chemically identical
blends, tensile tests of polystyrene exhibit a decrease in maximum stress as a short chain
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diluent is added, while molecular dynamics simulations show a decrease in the toughness
with added diluent. The microscopic analysis enabled by the simulations shows that
entanglements between the first and second PP are unable to carry significant stress at large
deformation, and this leads to the development of a model to describe the number of
effective, or load-bearing, entanglements as a function of the blend ratio. We find an
exponential scaling between the film toughness in our simulations and the maximum stress
in experiments when compared to the number of effective entanglements per chain. These
findings match well with the model, which builds upon physics introduced by Mikos and
Peppas and now accounts for the load-bearing fraction of entanglements in polydisperse
systems based on our results. Our combination of experiments and simulations provides
enhanced understanding of polymer failure on multiple length scales and provides a
framework for tuning mechanical properties based on molecular make-up. In addition to
the fundamental insights into the origin of toughness in polymer glasses, our results will
also have practical implications for numerous technologies. Most notably, in additive
manufacturing, where droplets of polymer are deposited in sequence to build a threedimensional structure, and the mechanical integrity of the structure depends on the
formation of a tough interface between the two layers. Our results suggest that chains will
need to diffuse multiple tube diameters to provide bulk-like mechanical support.
There are numerous differences between the simulations and experiments that
remain to be addressed. While Mikos and Peppas speculate in their work that their model
should apply equally well to strength and toughness,173 a more concrete and theoretical
84

connection between these mechanical properties is lacking. The ultimate failure mode may
also be different in the simulations and experiments. While the presumed failure mode in
the experiments is primarily through chain scission, the polymer chains in the simulations
never experience a stress comparable to that expected to break a covalent bond. Whether
this distinction is due to the rapid quenching used in the simulations or to the coarse-grained
model with its reduced friction remains unclear. Finally, it is known that failure in polymer
glasses can be seeded near defects and contaminants that are necessarily present in
experiments performed outside of a cleanroom, and while the simulations are “clean”, the
small length scales of the simulated samples may also lead to differences in the failure
mode.
4.4

Materials and Methods

4.4.1

Materials

Polystyrene with an Mn of 150.9 kDa (weight-average molecular weight (Mw) = 157.2 kDa,
PDI = 1.04) was obtained from Scientific Polymer Products, Inc. The two short chain
species are polystyrene Mn = 59.5 kDa (Scientific Polymer Products, Inc., Mw = 70.7 kDa,
PDI = 1.19) and monohydroxy-terminated polystyrene Mn = 13.7 kDa (Polymer Source,
Mw = 14.2 kDa, PDI = 1.04). Each of the above polymers’ glass transition temperature was
measured with differential scanning calorimetry. Gel permeation chromatography was
used to verify the molecular weight of each polymer above and each tested blend.
Polystyrene of Mn = 1.928 MDa (Mw = 2.257 MDa, PDI = 1.17) was purchased from
Scientific Polymer Products, Inc. All materials were used as received.
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4.4.2

Sample Preparation

Blend samples of 100 nm thickness were prepared by spin coating (3000 rpm) 2.5 vol%
polystyrene in toluene solutions onto freshly cleaved mica substrates. Films were then
vacuum annealed in a 170°C oven for 25 minutes and cooled to room temperature at
0.4ºC/min. Polystyrene films of 1.928 MDa required spin coating at 4000 rpm from a 1.5
vol% polystyrene in toluene solution to achieve the same thickness as the blended samples
and were annealed for 24 hours at 170°C under vacuum. Post annealing, a dog-bone shape
was cut into the film using a laser (Universal Laser Systems ULS3.50, laser wavelength
10.6 μm, infrared) at 3 % power, 40 % speed and 706 points per inch.
4.4.3

TUTTUT Experiments

Samples were floated off into TUTTUT’s reverse osmosis water bath for uniaxial testing.
They were subject to a strain rate of 0.0077 s-1. Between 5 and 9 samples for each blend
ratio were measured. Film thickness was measured by ellipsometry (refractive index =
1.59) in 8 locations and averaged. Further details about the TUTTUT instrument can be
found in previous work.65,66 Measurements comparing the mechanical response on
polystyrene films on TUTTUT, which uses a water bath to support films, were compared
to freestanding films. Water allows for greater craze stability resulting in larger failure
strains. 53
4.4.4

Simulation Design

Our molecular dynamics simulations employed a modified version of the coarse-grained
bead-spring Kremer-Grest (KG) model,187 where non-bonded monomers interact through
the Lennard-Jones (LJ) potential:
86

z(?\ {

1;

6 &'
6 (
6 &'
6 (
= 4- ./ 0 − / 0 2 − 4- ÖÇ
É −Ç
É Ü
*
*
*)*+
*)*+

(4.4)

for r ≤ rcut=2.5σ. All the units were made dimensionless using the potential strength, ε, the
!
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monomer size, σ, and the unit time 7 = 6 / 0 , where 8 is the monomer mass. The bonded
interactions connecting two successive monomers were governed by a finitely extensible
nonlinear elastic (FENE) potential with 9 =

/,i
%#

and R0=1.5σ. This bond type does not

allow bond breaking during the uniaxial deformation process. We additionally added an
angular harmonic potential of the form (h10 =

q4
'

(á − á, )' where K" = 10/radian2 is

the strength of this interaction and á0 = 120 is the equilibrium bond angle (38). The angular
potential was introduced to increase the average number of entanglements per chain
without having very long polymer chain lengths, and the resulting average number of
monomers between the entanglements is ⟨Ne⟩ ≈ 16. The number of monomers per chain in
our simulations were N = 10, 30, 60, or 250, with N/Ne = 0, 1.8, 3.75, and 15.9,
respectively. Binary polymer blends were constructed by incorporating short chains N =
10 or 30 or 60, which are treated as diluents, into long chain N = 250 systems at thickness
é was ~ 44.7, 18.9, 13, and 7.2 for N
H = 206. The invariant degree of polymerization ç=
= 250, 60, 30, and 10 respectively. The simulation box size was 706 × 706 × `, with a
density of the system ~0.85/6 ./ in the melted states. The free-standing films were
generated by random growth of polymers in the simulation box with walls on the top and
bottom, and soft potentials were applied to push the overlapped monomers away from each
other. Then, the walls were removed to create free standing films along the z direction,
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which was normal to the film. To accelerate the equilibration of the free-standing thin film
systems, connectivity-altering Monte Carlo moves were applied in the simulations.109–111
The equilibration proceeded with a time step of ∆t=0.0027 until we observed diffusive
behavior of the center of mass mean-squared displacement (MSD), and the MSD was
calculated with a moving time origin to improve the statistics. Three independent
configurations of the films for each system were generated at high temperatures, and we
=

=

,

,

then cooled those polymer films from | = 1.0 Ç= = 1.67É to | = 0.4 Ç= = 0.67É at a
cooling rate of ∆T/∆t = 0.1 per 2000τ to generate our glassy polymer thin films.
Subsequently, we deformed each film under a constant temperature at a constant true rate
- = 1 × 10.r by applying uniaxial tension in the x direction. All the simulations were
performed with LAMMPS MD simulation package with the velocity-Verlet algorithm and
a Nosé−Hoover thermostat107 and NVT ensemble with periodic directions x and y was used
for all the processes.
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CHAPTER 5

The Roles of Blending and Thickness on

Determining the Mechanical Properties of Free Standing Ultrathin
Films
5.1

Introduction

As nanotechnology finds an increasing number of applications, polymers are of critical
importance for a wide variety of thin film applications such as next-generation lithography,
lubricating coatings, and sensors. Numerous previous studies have focused on the thickness
dependence of glass transition temperature61,188–192, |0 , segmental relaxations81,193–196,
entanglement network6,13,15,80,197, and chain conformations198–200 in thin polymer films. It
has been widely accepted that the properties of glassy polymer deviate substantially from
that of the bulk as the polymers are confined into thin films, especially when the thickness
below the polymer chain’s average conformational length, due to structure and mobility
change at the interface. In addition, due to mechanical properties of polymer thin films are
also changed relative to the bulk by the surface interactions at the interface of thin films,
though the nonlinear mechanical response including failure has only recently been studied.
There are various techniques for investigating the mechanical properties of thin polymer
films. Indirect measurement methods, such as thin films buckling based metrology201,202,
and Brillouin light scatter (BLS) measurements203,204, have been used to investigate the
elastic and tensile responses of the thin film at different thickness, and most studies
conclude that the elastic constants of thin films deviate from bulk as the thickness decreases
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below 30-40nm51,201,205, though there are notable exceptions that remain unresolved206.
More recently, a direct measurement of the complete uniaxial tensile stress-strain response
of glassy polymer films floating on liquid substrates demonstrated substantial loss of
mechanical strength (maximum stress) and a small decrease in the elastic modulus as the
film thickness decreases below polymer chain’s average conformational length65. Also, a
transition in strain localization was observed during deformation from crazing to shear
deformation zones, which are localized regions of shear deformation free of cavities or
fibril, as film thickness decreases from 30 to 20 nm66. Majorities of those studies measured
the mechanical properties of the supported thin films with the presence of substrates that
could potentially interact with polymer thin films and cause the competing effect between
the confinement and free surfaces, especially for ultrathin films. Recently, Bay et al.
utilized a custom-built uniaxial tensile tester to first time characterize the complete stressstrain response that captures the failure response of ultrathin freestanding films as thin as
30nm. By comparing the freestanding films with the liquid supporting layers, they
identified that liquid substrates improve the craze stability for ultrathin polystyrene (PS)
films53.
Molecular dynamic (MD) simulations have previously explored the elastic
properties of ultrathin films. Many studies elicit the molecular details of elastic behavior
and the plastic flow within the polymeric systems207. Van Workum and de Pablo have
explored the size dependence on the apparent modulus of ultra-small structures by
imposing deflection or compressive deformations on nanoscale beams fixed on a substrate
using both continuum mechanics and molecular simulations methods
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208

. They observed

that the bending modulus of the glassy nanostructure remain bulk like until line width
approaches 206 , where the unit 6 corresponds to 1.5-2nm for polystyrene (PS) film.
Similarly, an atomistically based coarse-grained modeling approach showed that the elastic
moduli of PS and PMMA free-standing thin films are reduced at a thickness 40nm
compared to the bulk, and revealed that the size of softer interfacial layer at the free surface
is only a few nanometers209. Riggleman et al. showed that the heterogeneity of the local
stress arise at low strain during deformation and the dynamics of glass become significantly
more homogeneous after the onset of the flow171. By applying high-frequency sinusoidal
oscillations on the free standing films, Yoshimoto et al. demonstrated that the mechanically
soft layer is present near the free surface210.
Separately, entanglement in high molecular weight polymers is also critical in
determining the mechanical properties of polymeric systems, which could induce ductility
during tensile extension and cause the craze formations163. Experimentally, Wang et al.
investigated the load-bearing strands (LBSs) emerging between the junctions in the affinely
strained chain entanglement during deformation for glassy polymers, and demonstrated
that above brittle-ductile transition (BDT) the chain tension builds up in local LBSs and
activates adjacent LBSs sequentially, which drives the primary structures to undergo
yielding and plastic flows. In their work, they noted that the structure of LBS is
proportional to the chain thickness and flexibility, which is different from segments
between entanglement211. Molecular modeling studies have also examined failure and
craze formation in bulk polymer glasses. Baljon and Robbins showed that when the chain
length is less than =$ , the film breaks along a simple fracture plane; however, crazing
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occurs at a constant plateau stress as the chain length becomes greater than =$ , before the
films break212. Although a variety of studies have provided valuable insight into the
mechanical properties on the atomic level and reveal the size-dependence, the relation
between entanglements and film mechanical behavior, and the competing effects between
free surface mobility and the reduction in entanglement density have not be fully
investigated6,15. Additionally, changes in the tendency for strain localization to occur in
ultrathin films have not been explored.
Blending chemically identical unentangled and entangled polymers is a practical
means to systematically tune the effects of entanglements on the dynamics and mechanics
of a polymeric material. By incorporating a high molecular weight component, polystyrene
(PS) mixtures exhibit a brittle to ductile transition and the network of long chains enables
plastic flow during the uniaxial compression213. The craze initiation stress was also found
to be heavily dominated by the presence of a high molecular weight component due to the
increase in entanglement density184. While several studies have been performed in the bulk
blend polymeric systems, understanding about how distributions of the lengths of polymer
chains in polymer blends affect mechanical properties is still unexplored, especially in
ultrathin films where there can be competing effects due to changes in entanglement
density and changes in molecular mobility.
In the present work, MD simulations are used to explore the nonlinear mechanical
properties of glassy, free-standing polymer films formed from mixtures of chemically
identical model polymers as a function of the blend molecular weight and volume fraction.
We constructed several binary systems by blending highly entangled polymers with low
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molecular-weight diluents where the low molecular weight additive spans from
unentangled to slightly entangled, and the film thickness varied from highly confined to
bulk-like. By examining the uniaxial stress-strain response, strain localization during
deformation, and entanglements of those systems, we provided insights about how
entanglement network of different blend compositions affect the mechanical properties of
ultrathin films, and we show the competing effect between free surface and entanglement
network at different film thicknesses.
5.2

Model and methods

Our molecular dynamics simulations employed a modified version of the bead−spring
Kremer−Grest (KG) model106, where non-bonded monomers interact through the LennardJones (LJ) potential:
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for * ≤ *)*+ = 2.56. All the units are made dimensionless using the potential strength, -,
!

the monomer size, 6, and the unit time 7 = 6(8/-)# , where 8 is the monomer mass. The
bonded interactions connecting two successive monomers are governed by a finitely
extensible nonlinear elastic (FENE) potential with 9 = 30-/6 ' and #, = 1.56. This bond
type does not allow bond breaking during the uniaxial deformation process. We
additionally add an angular harmonic potential of the form
(h10 =

ès
(á − á, )'
2

(5.2)

where ès = 10e/*s!usQ' is the strength of this interaction and á, = 120 is the
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equilibrium bond angle. The angular potential is introduced to increase the average number
of entanglements per chain without having very long polymer chain lengths, and the
resulting average number of monomers between the entanglements is ⟨=$ ⟩ ≈ 16. The
number of monomers per chain in our simulations are = = 10, 30, 60, or 250, with
=/=$ = 0, 1.8, 3.75 and 15.9 respectively. Binary polymer blends are constructed by
incorporating short chains = = 10 or 30 or 60, which are treated as diluents, into long
chain = = 250 systems at different film thickness ` = 106, 206 and 306 . The
composition details of the long chains and short chains at various film thickness are shown
in supporting Table S1.
Free standing polymer films were generated by randomly growing polymers inside
a rectangular box with an area of (706)' and the height are set to the target film thickness.
Periodic boundary conditions are maintained in the plane of the film (b and c-directions),
and initially we employ reflective walls on the top and bottom edge of the box in the z
direction. The monomer bead density was set to @- = 0.85/6 ./ inside the simulation box.
After placing the polymers in the box, we first used a soft potential to eliminate overlapping
contacts109 before switching to the standard LJ potential to run the simulation until
equilibrium at | = 1.0. After 7=100, we turned off the reflective walls and also enlarged
the box both directions along the z direction so that the height of the box is approximately
twice the target thickness of the films, to realize a free standing film. Next, connectivityaltering Monte Carlo moves109–111 were applied in the simulations to accelerate the
equilibration of the thin film systems. The equilibration proceeded until we observe
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diffusive behavior of the center of mass mean-squared displacement (MSD), and the MSD
is calculated with a moving time origin to improve the statistics. Three independent
configurations of the films for each system were generated at high temperatures, and we
=

=

,

,

then cooled those polymer films from | = 1.0(= = 1.67) to | = 0.4 ( = = 0.67) at a
cooling rate of ∆|/∆J = 0.1 per 20007 to generate our glassy polymer thin films.
Subsequently, we deformed each film under a constant temperature at a constant true rate
-̇ = 1 × 10.r by applying uniaxial tension in the x direction. All the simulations are
performed with LAMMPS MD simulation package with the velocity-Verlet algorithm and
a Nosé−Hoover thermostat107.
In our strain localization study, we collected particle configurations during
deformation and calculated the local strain rate associated with each particle214–217
í' (-, - + Δ-) =

1 1
1
1
î |*[ (í?= í − ï) − |*(í?= í − ï)]'
Δ- !
!
!

(5.3)

where ! is the dimensionality of the system, í? is the best affine transformation matrix for
particle u at strain -, given a lag strain of Δ-, and ï is the identity matrix. Here, í' describes
the local strain rate for each monomers in the systems.
Aside from the variation of í' for each monomer, we apply a metric that was
developed in our previous work to quantify the mesoscale nature of the strain response to
differentiate strain localization and homogeneous plastic flow218. In this calculation, the
rectangular thin film along the uniaxial deformation direction is divided into 12 slabs of
equal thickness with around 56 before deformation, a and spatial fluctuations of average
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í' values between pairs of slabs are calculated. The slab thickness increases affinely as
strain increases. ñf is defined as this quantity averaged over all pairs of slabs,
ñf (|, -; -t ) = 1
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where Q; denotes the number of blocks, the overhead bar represents averaging over all
particle í' values within the block, and -t represents the strain window over which we
averaged í' values in addition to the slab average. In our calculation, -t is chosen to be the
same as the lag strain used in calculations of í' , Δ- = 4%, which is explained in our
previous study 218. This metric can give us a good understand of the inhomogeneity of the
strain during deformation process.
5.3

Results and Discussion

5.3.1

Local Relaxation

To better understand the free surface induced confinement effect, we examine the local
relaxation of monomers 7v (d) as a function of the position along the height of the thin
=

films at the temperature = = 1.05 in the super cool liquid regime. The changes in the
,

relaxation time at this temperature extend more than 10 monomer diameters away from the
interface and the largest observed changes are a factor of ∼ 30 at the surface of the films.
As shown in Figure 5.1, the relaxation time in the center of the ` = 106 films are
approximately 7 times smaller than that for the ` = 306 films, due to the large fraction of
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Figure 5.2. (a) Normalized average entanglement per chain of the homopolymer thin
Q

films as a function of the degree of confinement N . (b) Average entanglements per
++

Figure 5.1. The local relaxation of monomers 7v (d) as a function of the positions along
chain ⟨E⟩ only for the polymer with chain length of = = 250 as a function of the
=

the height of the thin films in homopolymer thin film N=250 at temperature = = 1.05.
,
percentage of = = 250 in the binary blend polymer thin films at different thickness
and
the polymer diluent chain length is = = 30.
high mobility particles at the free surface. Contrary to the expectation that the mechanical
behavior of the film depends on the average entanglements per chain, we found that while
the change in the average entanglements per chain is marginal, there is a significant
increase in the local dynamics at film thickness ` = 106, which explains the reduced
toughness compared to the thicker films. Thus, we conclude that in our systems, the
reduced toughness of the thinnest films is dominated by the increased mobility rather than
changes in the entanglement network.
5.3.2

Entanglement Analysis

We have employed the Z1 algorithm to extract the mean number of interior kinks per chain
⟨E⟩ ≈ =/=$ , which is considered to be proportional to the number of entanglements,
regardless of the details of the definition used to define an entanglement113. The properties
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of the entanglement network were carried out for all films far above |0 at | = 1.0. As
expected from previous work15, in the homopolymer films the average number of
entanglements per chain is reduced as the film thickness `/#$$ decreases, as shown in
Figure 5.2a. The maximum reduction observed in this work for the most confined systems
Q

(where N = 0.26) is nearly 20%. Further, we applied the Z1 analysis in the blend polymer
++

mixtures to extract the average number of entanglements per chain ⟨E⟩ where we only
count those entanglements between the polymer chains with length of = = 250; the low
molecular weight diluents are removed from the configuration before performing the
analysis. As we show below, the low molecular weight polymers (= = 30 in this case) are
unable to support the mechanical load at large deformations, even though ⟨E⟩ > 1. In
Figure 2b we observe a linear correlation between compositions of long chains and the
average number of entanglements per chain across all the film thickness, which is
consistent with the entanglement studies for blend polymers in the bulk185.
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5.3.3

Mechanical Response

Figure 5.3. Uniaxial deformation true stress-strain responses of homopolymer thin
= of blended polymer thin films
Figure
Uniaxial
stress-strain
response
films =5.4.
= 30
(a) anddeformation
= = 250 (b)
at temperature
= 0.71. The embedding small
=
,

with mixture of = = 250 and = = 30 at temperature
plots are the stress-strain responses at early strains.

=
=,

= 0.71 and film thickness

` = 206. ~ corresponds to the monomer-based percentage of = = 250 in the mixture,
and the insets highlight the early strain response.
We begin our study of the mechanics by comparing the mechanical response of
unblended homopolymer films as a function of film thickness. As shown in Figure 5.3a,
for slightly entangled homopolymer chains N = 30 at thin film thickness above 206, we
observe an initial elastic regimes, yielding and strain softening, and a plastic plateau until
the chain sliding causes the failure of the films; however, for the thin film with thickness
` = 106, after the yield point, we noticed different failure mechanism where the stress
decreases more rapidly with strain, and the plastic plateau regime almost disappears. The
similar stress-strain behavior exhibits for the system with homopolymer = = 60 and the
results are shown in the supporting information (Appendix Figure D.1). For highly
entangled homopolymer thin films with = = 250, in the plastic plateau, craze widening is
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Figure 5.5. First maximum stress and elastic modulus as a function of (a) percentage of
chain = = 250: with different diluents ( = = 10, 30, 60 respectively) at film
thickness ` = 206 and (b) film thickness ` = 10, 20, 306 with fixed diluents chain
length = = 30.

evident, which is discussed below. Moreover, we observe pronounced strain hardening
after the plastic plateau across all the thin film thickness before the film breaks. These
regimes are in qualitative agreement with the crazing behaviors in the bulk177, albeit
differences are expected given the simulations are carried out for the thin films. The
mechanical response of the ` = 106 undergoes a more pronounced strain softening, and
the plastic plateau exists at a lower stress levels as shown in Figure 5.3b. The differences
of stress-strain responses between film with ` = 206 and ` = 306 are a slightly delayed
onset in strain hardening and smaller maximum in the stress before failure.
Next, we investigate the mechanical responses for blended polymer films to analyze
the dependence of mechanical properties on the different compositions between long
chains and short diluent chains. In Figure 5.4 we plot the stress-strain response for a single
film thickness ` = 206 for different compositions of the long chains = = 250 versus
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Figure 5.6. Blend thin film toughness as a function of percentage of chain = = 250
with different diluents (= = 10, 30, 60 respectively) at film thickness ` = 206 (a),
with fixed diluents chain length = = 30 at different film thickness ` = 10, 20,306
respectively (b).
diluents of = = 30. As the percentage the = = 250 chains increases, the plastic plateau is
extended, and at the highest concentrations strain hardening emerges. Similar behaviors
are also observed for the mixture with diluents of = = 60 (Appendix Figure D.2), even
though both diluents have a chain length larger than =$ . We have also analyzed the
thickness effect on the blend polymers where similar trends are observed for homopolymer
thin films in that the ` = 106 films are softer and fail at smaller strains (Appendix Figure
D.3).
To summarize the mechanical properties for this series of films, we measured
elastic modulus ú and a measure of the strength 6ph] , taken as the first maximum of the
stress. In Figure 5.5a we observe that neither E nor 6ph] are not dramatically affected by
the change of the composition of the mixtures and varying the chain length of diluents at
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fixed film thickness. In addition, we examined the thickness effect for those blend polymers
in Figure 5.5b with the chain length of the diluents fixed at = = 30. It shows that the thin
films with ` = 106 tend to have lower elastic modulus and lower yield stress than the two
thicker films, while the same differences between film thickness at ` = 206 and ` = 306
are comparable to the sizes of our uncertainties. These results on the thickness dependence
of the mechanical properties of thin films are qualitatively consistent with the findings for
the polystyrene thin films floating on water substrates65,66.
We quantify the toughness of the blend polymer and homopolymer thin films by
i

integrating the stress-strain response, m=∫, 23- 6(-)!- , -%3, denotes the - value at which
6(-) crosses zero. As shown in Fig.6a for films with thickness of ` = 206, the toughness
of the thin films monotonically increases with the percentage increase of the = = 250
chains in the mixtures across all diluent chain lengths. For the unentangled diluent
polymers = = 10, the toughness of the thin film increases slowly for ~ < 0.5, then more
rapidly as ~ approaches 1. At the value of ~ = 0.5, the toughness is approximately 50%
that of the systems with = = 30 or = = 60 diluents. Further, diluents with chain length of
= = 60 becomes only slightly tougher than those with chain length of = = 30 at low ~
(~ ≤ 0.25). The effect of film thickness on the toughness of the films is summarized in
Figure 5.6b, where we observe that polymer thin film with thickness below 106 have a
significantly reduced toughness compared to the thicker films across all the blend
compositions, particularly at lower values of ~ . For films with ` above 206 , the
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differences among the toughness at different composition are very small, which is
consistent with the trends in the elastic modulus and maximum stress results above.
To further explore the relationship between entanglement and mechanical
properties of films, we applied the model developed from our previous work in the
bidisperse systems based on Mikos and Peppas’s173 theory, in which we demonstrated that

Figure 5.7. Toughness as a function of average effective entanglements per chain<
E$PP > among the polymer with length of = = 250 by treating the short chains = =
30 or = = 60 as unentangled diluents under different film thickness with binary
mixture of = = 250 and = = 30 or = = 60 . The star symbol is the system with
diluents of = = 60 at film thickness ` = 206.

film toughness is exponentially proportional to average mechanically effective
entanglements per chain < E$PP > . < E$PP > is calculated by removing any
entanglements caused by the chain ends, of which the detailed information is provided in
our previous work. As shown in Fig7, the film thickness effect on the toughness is very
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small once H is above 206, and the toughness values for both thickness 206 and 306
almost collapse, which aligns with the model defined from our previous work. However,
when the film thickness is ` = 106, we notice that toughness vs. < E$PP > exhibits a
linear relationship, which is similar to that in the

melted systems, rather than the

exponential model proposed previously for the thicker films. The high mobility free
surfaces dominate the mechanical behaviors of the films, despite that the same number of
entanglements in the systems. As further demonstrated in the local relaxation section 3.1,
the overall relaxation time of the thinnest films ` = 106 is much smaller comparing to
that of the other films given the high portion of the free surfaces in the films, so that the
mechanical properties of the films are mainly affected by the fast dynamics of the partilces
in the films.
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Figure 5.8. Snapshots of = = 30 homopolymer films (on the left), and N = 250
homopolymer films (on the right) with film thickness of ` = 106 at different strains
during deformation. The particles are color code by percentile of deviatoric strain rate
í' .
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5.3.4

Craze Structures in Thin Films
Figure 5.8 shows snapshots of our films during the deformations where each

monomer is color coded by the instantaneous í' calculated over a lag strain of 4%. The
blue in the color scales represents the 0% percentile, and the red represents 99.9th percentile
and higher and these percentiles are defined based on í' data collected from the entire
simulations. In Figure 5.8, we compared homopolymers thin films between two different
chain lengths at N=30 and N=250 at both films thickness ` = 106 and ` = 306
(Appendix Figure D.4). For N =30, the polymer systems are weakly entangled, and we
observed a necking and a formation of plastic zone, where strain is highly localized. This
qualitative observation is independent of film thickness, though we note that the thick film
is able to sustain much larger strain before failure. In the snapshots for high strains, only a
small number of chains are drown into the plastic zone where failure occurs, which is
expected for chain length less than 2=$ , according to previous studies212,219.
For thin films with highly entangled polymers, we observe a craze microstructure
over all film thicknesses; all polymers get drawn into the plastic zone at higher strains
before catastrophic failure. We did not notice a transition from shear deformation zones
(SDZs) to crazes as observed from previous experiment studies, where SDZs are present
on polystyrene thin films with thicknesses lower than 30 nm66. The differences between
the observations from our simulation and the experiments are expected since the craze
formation is dependent the entanglement density and temperature164,166, and our systems
are more entangled than their systems in the experiment

66

. In addition, the monomeric

friction of our coarse-grained models are significantly weaker than in the experiments. A
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Figure 5.9. Snapshots of blend polymer films with diluent N = 30 at different
percentage of N= 250 during deformation and the film thickness is hold at ` = 206.
The particles are color code by percentage of deviatoric strain rate í' .
final possible distinction is the possibility of finite size effects in our simulation; the
displacement of the side of our simulation box to reach the yield point is comparable to the
size of a molecule in our simulations, while experiments are orders of magnitude larger.
By tuning the blend composition between the long chains = = 250 and short
chains = = 30 of the thin films fixed at thickness of ` = 206, we found that when the
percentage of long chains is at ∅ =75%, almost all the polymers get drawn into the plastic
zone and crazing takes place all over the film, as shown in Figure 5.9. On the other hand,
less polymers are drawn into plastic zone at high strains when the blend fraction is ∅ =50%
(Appendix D.5) and a clear blue region, where the chains are essentially immobile, is
observed in the snapshots. At the lowest blend compositions of long chains ∅ = 25%, the
strain localization resembles that in the films with only short chains where we saw a small
plastic zone formed at the early strains and the film fails through chain pull out in this
plastic zone.
106

Figure 5.10. ñf as a function of the total strain for homopolymer thin films with = =
30(a) and = = 250(b) respectively.

To quantify the extent of strain localization, we examined the ñf function defined
above for the films at different thicknesses as a function of strain. In Figure 5.10, we plot
ñf as a function of the total strain for the films with = = 30 and = = 250 respectively. In
both systems, at a given strain, ñf rises sharply as the thickness decreases. For thinnest
films ` = 106, the magnitude of the spatial variations in strain rate become substantially
larger as the strain increases, which indicates strain localization. As the strain localization
in the thicker films is not as strong as that in the films with thickness of ` = 106, ñf of
the thicker does not increase as much as that of the thinnest film. Even though we could
not see a clear shear band formation in the thinner films by visualization, there are stronger
strain localization during deformation than thicker films from the ñf analysis, which
further supports that the mechanical behaviors observed in the thin films with thickness
below 106 are distinctive from those of the thicker films.
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5.3.5

Bond Stress

Entanglement
segments
Chain ends

Figure 5.11. The average bond stress as a function of strain for two sections: chain ends
(in circle) and entanglement segments(in square), for the blend mixtures in the thin films
with thickness of ` = 206 with 50 % diluent of = = 30 and = = 60 respectively.

In the analysis above, we have only considered entanglements between the = =
250 polymer chains to interpret our results. Here, we justify this choice. In our blended
polymer films, if we allow for entanglements between all of the chains, we find that the
average number of entanglements per chain ⟨E⟩ is essentially constant as ~ changes,
despite the changes in the toughness and failure properties. We argue that, at least with
regards to failure during deformation of a polymer glass, not all entanglements are equal,
and entanglements internal to the polymer chain are the primary carriers of the stress during
strain hardening. To demonstrate this point, we separated the polymer chains into two
sections based on the primitive paths we obtained from the Z1 analysis. We labeled the
first and last primitive paths as the chain ends section and the rest as the entanglement
segment section. The average bond stresses are calculated for those two different sections
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during the deformation. As shown in Figure 5.11, for the blend mixtures in the thin films
with thickness of ` = 206 with 50 % diluent of = = 30 and = = 60 respectively, at
small strains, the bond stress for those two sections almost overlap since the polymer chains
are barely deformed. When the films are more stretched, the bond stress for the
entanglement segment section increases while the chain end section barely increases. The
chain ends are essentially able to relax while the internal segments are carrying the stress.
If we further examine the stress of the second primitive path step, it already comes close to
the curve where we average over all entanglement segments. Thus, we argue that
entanglements formed with the low molecular weight polymers are unable to support
significant stress and do not contribute significantly to the toughness of the films.
5.4

Conclusions
In summary, we have examined the thickness dependence of the mechanical

behavior, including stress-strain response, toughness and failure mode, in blends of
chemically identical model homopolymers using MD simulations. Due to the enhanced
mobility of particles near the free surface, the mechanical properties of our thinnest films
with ` = 106 are distinct from the thicker films, showing a reduced toughness compared
to the thicker films analyzed. In these thinnest films, the entanglement network is not
significantly affected by confinement. These results lead to the conclusion that free surface
effect dominates the mechanical behavior when the thickness of the polymer films is less
than 106. When the film is thicker than 206, the changes in the mechanical behavior is
minimal. During the deformation, we observed plastic flow within all the polymeric
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systems, but not clear brittle failure in any cases. The lack of brittle failure is hypothesized
to be due to either the reduced monomeric friction in coarse-grained models or due to finite
size effects in our simulations, as substantial finite size effects have been recently reported
in simulations of silica glasses181.
By tuning the compositions of blend polymers systems, the mechanical properties
of the thin films can be altered, and we find that the toughness of the polymer thin film
improves as the composition of the low molecular weight diluents decreases for all the thin
film thicknesses. The toughness changes more rapidly in films diluted with unentangled
polymers. When holding the composition of the blend mixture constant, as the diluent
polymer chain lengths increases the films become more ductile due to the increasing
stability of the entanglement network in the systems. Further, in the bond stress analysis,
by labeling the chain into two different sections in the blend polymer systems, we
demonstrated that chain ends cannot support very large stress at high strain during
deformation, which results in the segments near the chain ends not contributing to the
toughness of the sample. This analysis helps us explain the improvements of the
mechanical stability with the increase of the diluent polymer chain lengths. To distinguish
the free surface effect from entanglement effect, we calculated the local segmental
relaxation in the polymer thin films, and found that for our thinnest films, there is a large
increase in the local dynamics across the entire film. This enhanced mobility dominates the
properties during deformation and leads to a reduced toughness in the thin films.
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CHAPTER 6

Failure and Mechanical Properties of Glassy

Diblock Copolymer Thin Films
6.1 Introduction
The physical properties of glassy polymer films can change drastically under nanoscale
confinement. Depending on the property measured, these changes are often attributed to
increased average molecular mobility near a free surface and reduction in entanglement
density, and both are known to alter mechanical behavior. Moreover, as the films thickness
approaches molecular dimensions, unpredictable changes in the polymer behavior leads to
changes in the failure strength. Understanding the impact of these changes on polymer film
mechanics helps guide the development of new polymer materials for strong,
multifunctional films.
The knowledge of mechanical property/structure relationships in ultra-thin films of
polymers, where the thickness of the film is comparable to or less than the characteristic
size of the molecules, has been advanced recently both by newly developed experimental
techniques that directly measure the mechanical properties and predictions from
simulations53,65,66,81,171,207–209,220. Ruoff and coworkers were able to use camphor to transfer
centimeter-scale ultrathin films onto custom designed substrates for mechanical (tensile)
testing of polycarbonate films as thin as 100nm.221 Recently, Crosby and coworkers
overcome thickness limitations by using a newly developed experimental method that
allows measurement of the complete uniaxial stress-strain response of ultrathin polymer
films as thin as 30 nm53,66. They also noted that the failure stress for homopolymer
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polystyrene (PS) at room temperature was shown to decrease for films below a threshold
thickness, near #$$ , and observed a thickness-controlled transition in failure mode from
crazing in thicker films to shear deformation zones (SDZ) in the thinnest films66. In our
recent study, through a comparison between molecular dynamics (MD) simulations with
the uniaxial extension experiments on the polydisperse polymer thin films, the role of
effective entanglements in the determination of the mechanical properties is explored and
an exponential relationship between effective entanglements and the strength of the films
is derived.
Moving beyond homopolymers, studies have been also conducted on block
copolymers to develop optimized, multifunctional materials that combine preferred
properties typically disparate in homopolymer materials. Due to the nature of block
copolymers that can self-assemble into well-ordered nanostructures, the inter-chain
entanglements and mobility of polymers are altered within those domains which in turn
affect the mechanical properties of the films. Although several studies on relationships
between mechanical properties and block copolymer architecture and morphology have
been conducted, limitations on sample dimensions and difficulty in controlling phase
orientation in bulk samples have limited advances in understanding how block copolymer
domain structure and mechanical properties relate, especially beyond continuum level
relationships. Many previous studies have focused on rubber-glassy systems222–226, which
can exhibit enhanced toughness and the emergence of buckling phenomena. Fujimura et
al.227,228 studied the deformation of an unoriented lamellar structure of a polystyrenepolybutadiene-polystyrene (PS/PB/PS) triblock copolymer, where they demonstrated a
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formation of chevron-like morphology after the yield point and a chaotic morphology of
fragmented polystyrene dispersing in the polybutadiene matrix at very high strains. For the
oriented lamellar structures PS/PB/PS films, Thomas and coworkers performed
deformation process from three different loading directions (parallel, perpendicular and
diagonal) relative to the lamellae structure and demonstrated different deformation
mechanisms from neck formation to a “Chevron” morphology.229 Through MD
simulation, Makke et al. demonstrated that the buckling instability results from
the competition between the growth rate of linearly unstable modes with the rate of
deformation.230,231
For block copolymers that have only glassy domains, the details of interchain
entanglements and local segmental mobility play an important role in the mechanical
response; however, controlled experiments isolating these molecular effects have been
limited. Lee et al. investigated the crazing process in ordered polystyrene-b-poly(2vinylpyridine) (PS-b-P2VP) lamellar glassy-glassy layers parallel to the substrates and
observed a lower craze growth rate compared to the homopolymer and a higher ratio of
craze depth to film thickness in the micronecking process.232 Furthermore, Ryu et al.
provides some insights on the influence of the chain architecture on the craze
growth poly(vinylcyclohexane)-poly(ethylene) (PCHE-PE) block copolymer thin films.233
On the simulation level, numerous SCFT studies have mapped the phase diagrams of
confined block copolymers with a variety of wetting conditions, though these calculations
often assume rigid boundaries that will not be present in films with a free interface.234,235
In addition, microphase separation plays a role in altering the distribution of entanglements,
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particularly in the strong segregation where the average entanglement spacing of the
polymers tends to decrease.71 However, the influence of molecular mobility, entanglement
and morphology on the mechanical response of ultrathin glassy-glassy block copolymer
thin films from both experiments and simulations has not yet been fully explored.
In this study we apply MD simulations to quantify and understand the mechanical
response of free standing symmetric block copolymer films, where domains have similar
glass transition temperatures, Tg, far above room temperature, with oriented and
fingerprint morphologies at different film thicknesses. We discuss the morphology,
entanglement distributions, local dynamics, films thickness perturbation, strain localization,
stress-strain responses, and toughness of the block copolymer films. All of these quantities
are then compared against those of the homopolymers. Characterizing the stress-strain
relationship in ultra-thin films, where the block copolymer structure can be explicitly
controlled and characterized, provides new opportunities for understanding how these
structures can provide multifunctionality, especially with regards to enhanced strength.
6.2 Simulation Setup
Our molecular dynamics simulations employed a modified version of the bead−spring
Kremer−Grest (KG) model106, where non-bonded monomers interact through the LennardJones (LJ) potential:
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(6.1)

for r ≤ rcut=2.5σ. All the units are made dimensionless using the potential strength, ε, the
!

monomer size, σ, and the unit time 7 =

p #
6 / i 0 , where 8 is the monomer mass. The bonded

interactions connecting two successive monomers are governed by a finitely extensible
nonlinear elastic (FENE) potential with 9 =

/,i
%#

and R0=1.5σ. This bond type does not

allow bond breaking during the uniaxial deformation process. We also add an angular
harmonic potential of the form (h10 =

q4
'

(á − á, )' where K" = 10/radian2 is the strength

of this interaction and á, = 120E is the equilibrium bond angle.186 The angular potential
is introduced to increase the average number of entanglements per chain without having
very long polymer chain lengths, and the resulting average number of monomers between
the entanglements is ⟨Ne⟩ ≈ 16. In this model, |0 is around 0.6. The number of monomers
per chain in our simulations for diblock copolymers are N = 60, 140 or 250, with N/Ne =
3.75, 8.75 and 15.1, respectively. The interactions between pairs of A or pairs of B
nonbonded monomers are set to be -ww/xx =1.0, and the cross interactions are set to -wx =0.7,
which corresponds to high ´ interaction systems. Films with oriented lamellar and
fingerprint morphologies are constructed as shown in Figure 6.1. Here, we note that our
simulation box size is still not large enough to generate fingerprint morphologies for N=250
systems, instead we can treat it as oriented lamella with disclinations. To determine the
size of domain spacing of oriented lamellar films, we start with the bulk systems. For N =
60 systems, we first constructed an anisotropic simulation box with the size of
356 × 356 × 1006 and we roughly assign the size of domain spacing with respect to #$$
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and cut the simulation box into different sections based on the domain size. Then, the
interfaces between type A and type B particles are assigned in the simulation box, and in

Figure 6.1. Film thickness profiles with thickness H = 20 for different chain lengths N
= 60(a: fingerprint morphology) (c: ordered lamella) and N = 250 (b: disclinations) (d:
ordered lamella).
each domain the monomers are randomly grown from the starting point at the interface.
Finally, type A and type B particles are connected at the interface. After constructing the
systems, we introduced soft potential to gradually push the overlapping particles away from
each other, and then we perform MD in the NPT ensemble to equilibrate the systems along
with connectivity-altering Monte Carlo moves109–111for 2000τ to achieve desired domain
spacing and check the zero surface tension with this domain spacing afterwards. Once the
size of domain spacing is known, it is applied in the construction of free-standing thin films
following the same procedures as the bulk systems with free surfaces in z directions. After
the soft push-off step, a Nosé−Hoover thermostat107 in the NVT ensemble along with
connectivity-altering Monte Carlo moves are applied for the equilibration process.
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To generate the fingerprint morphologies, the diblock polymers are randomly
grown in a super large simulation box with size of 200 × 200 × ` first with a free surface
on the top of the box and an amorphous substrate wall beneath them, which is meant to
mimic an experimental film immediately after spin coating onto a substrate, and
Dissipative particle dynamics (DPD) simulation method using soft non-bonded
interactions plus bond swap is implemented to accelerate the equilibration process for
40000τ until the fingerprint structure remains stable. After the DPD simulations, we
switched back to the NVT ensemble with the full Lennard-Jones potential for 10000τ for
the production run. All the systems were equilibrated at high temperatures and were cooled
=

=

,

,

down from | = 1.0 Ç= = 1.67É to | = 0.4 Ç= = 0.67É at a cooling rate of ∆T/∆t = 0.1
per 2000τ to the glassy state. Subsequently, we deformed each film under a constant
temperature at a constant true - = 1 × 10.r by applying uniaxial tension in the x direction.
In the systems of fingerprint morphologies, we removed the substrate before the
deformation process. The film thickness for the oriented lamellar films are 10, 20 and 306,
while for the fingerprint morphology the thickness is fixed at 206. In the melted states the
density of the systems is around @ = 0.856 ./ . All the simulations are performed with with
LAMMPS MD simulation package.

117

6.3 Analysis and discussion
6.3.1

Film Dynamics and Entanglement Analysis

Figure 6 2. The relaxation 7v based on the particle locations along the x direction from
the oriented lamellar films with N=250 at two selected film thickness. The side views
of the film are provide on the right with different thickness H = 10 (top) and H = 30
(bottom).

Unlike homopolymer thin films, block copolymer thin films exhibit perturbation in
film thickness due to the strong segregation induced by ´ interaction among different types
of particles. To investigate the local structures of both oriented and fingerprint lamellar
films, the thickness profiles are calculated from glassy films at T=0.4 as shown in Figure
6.1. As expected, a strong thickness perturbation is observed for both systems due to the
existing of the domain boundary, where it has the thinnest thickness. The thickness
difference in the systems of N = 60 is around 10. This perturbation is even stronger for the
long polymer chain (N = 250) than that of short chain systems (N = 60). Unlike oriented
lamellar films, we also observe a long-wavelength fluctuation in the film thickness that is
not confined to the A/B interface, as seen in the thickness projection plot. The largest
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thickness difference can be as large as 10 6 depending on the film thickness in the

Figure 6.3. The film thickness profiles along the direction perpendicular to the lamella
(x direction)(blue dash line) and average entanglements per chain < Z > as a function
of the chain locations (green solid line) in the orientated lamellar films at two selected
film thickness H =10 (a: N = 60 and c: N=250) and H =30 (b: N = 60 and d: N=250).
The overall average entanglements per chain (dash line) and effective entanglements
per chain (solid line) in the systems as function of the film thickness for N = 60 (e) and
N=250 (f).
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simulation results. This nonuniform thickness distribution across the films is also
frequently observed in experiment from AFM images. Due to the domain boundaries and
the perturbation in the film thickness, dynamics, entanglement distributions and
deformation mechanisms of block copolymer thin films are affected, and changes in those
properties are what we mainly investigate in this study.
To understand the dynamics of the particles across the block copolymer thin films,
=

we calculate relaxation time 7v in the super cool liquid regime Ç= = 1.05É from the
,

oriented lamellar films with N=250. We notice that there is a large reduction in 7v as the
positions of the particles are close to the domain boundaries where the thickness is low and
more portion of particles belong to the surface area than that in center of the domains. The
relaxation time in the domain centers is close to that of the homopolymer systems as shown
in Figure 6.2. In addition to the dynamic properties, an inhomogeneous distribution of
entanglements arises from the segregated morphology of the block copolymers. The
entanglements per chain < E > ~N/Ne, which is calculated from the Z1 algorithm
developed by Kröger,8,112 as a function of positions x (along the direction perpendicular to
the lamella) in the oriented lamellar films and the average entanglements per chain of the
whole systems as a function of the film thickness are shown in Figure 6.3. Unlike the
reduction in the film thickness at the interface, we notice that ⟨E⟩ increases as the position
of the chain gets closer to the interface, which agrees with results found by Ganesan and
coworkers in a bulk systems71. However, we observe a drop in < E > at the very center of
the domain boundaries for highly entangled polymers (= = 250) which has not been
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observed from any previous studies. Moreover, the average entanglements per chain ⟨E⟩
of the whole system in the block copolymer films are compared with the homopolymer
systems in Figure 6.3. When the degree of the confinement `/#$$ is smaller than one, the
reduction in ⟨E⟩ of the block copolymer systems is not as large as that of the homopolymer
systems, and the block copolymer possesses more entanglements than that of
homopolymers under the same conditions. Finally, we note that there is no difference in
⟨E⟩ between oriented lamellar films and fingerprint films.
6.3.2

Film Mechanics

During the deformation process of the glassy oriented lamellar thin films, we apply stresses
from directions parallel and perpendicular to the lamellar domains. As shown in Figure 6.4,
for the short chain length systems with N=60, in the parallel deformation direction, the
stress-strain responses are similar to the homopolymer films since there is no thickness
perturbation along this direction and domain centers dominate the deformation
mechanisms. On the other hand, in the perpendicular deformation directions, block
copolymers have larger yield and plateau stresses, and failure occurs at smaller strain than
those in the homopolymer films with film thickness larger than ` = 206 . In the
perpendicular deformation directions for those thick films, craze formation occurs at the
center of the domains, and the film fails quickly due to the high portion of chain ends
locating in the center of each domains. In addition, the orientation of chains is more aligned
in the oriented lamellar thin films than that in the homopolymer system, which can also
help explain the fast failure behavior in the block copolymer films. For thinnest films,
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Figure 6.4. Stress-strain responses from the films with different thicknesses and
different chain lengths N = 60 (a: H = 10, b: H = 20, c: H = 30) and N = 250 (d: H =
10, e: H = 20, f: H = 30).
unlike the homopolymer that begins to fail right after the yield point, block copolymers
still exhibit a strain plateau in their stress-strain responses, which is caused by the different
strain localization mechanisms. In the block copolymers, strain begins localized at the
domain boundaries with craze formation at the onset of the deformation followed by craze
widening. Next, strains translocate into the center of domains as the strains increase,
resulting the stress in the stress-strain curve remaining at a high level. This phenomenon is
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Figure 6.5. Comparison of stress-strain responses from film with fingerprint
morphologies at different thicknesses with N = 60. The deformation morphologies at
different strains are provided on the right.

most obvious in N = 250 and H=10 systems. Once the strain localizes at the center area of
the domains, the films break easily due to the high concentration of chain ends. In the
highly entangled polymer systems N = 250, we observe very interesting behaviors in the
thinnest films where the stress-train response only exhibits a minimal glassy stiffness
before transitioning to a response more akin to that of elastomers at small strains. In those
systems, lowest local film thickness is below 5 6 at the domain boundaries and the
dynamics of particles in those regimes are close to the liquid state due to the large portion
of high mobility particles near free surfaces. Once the plastic rearrangement transitions into
the center of domains, the typical strain plateau and strain hardening regimes of glassy
entangled polymers start to show in the stress-strain curves. In the thicker films, stressstrain responses agree with the behaviors of glassy polymers, of which all the regimes are
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Figure 6.6. Deviatoric strain rate í' as a function of positions along x in the oriented
lamellar films at selected strains for the systems with different chain lengths N = 60 (a)
and N = 250 (b) at film thickness H = 20. The dash line (blue and red) is the density
profiles across films.

observed. Overall, comparing to the homopolymers films, oriented lamellar thin films of
highly entangled polymers possess smaller yield stress and fail at much smaller strain.
Additionally, since block copolymers with fingerprint morphologies are much
easier to fabricate on the experiment level, we performed the deformation process on the
thin films with fingerprint morphologies and compare them with oriented lamellar films.
As shown in Figure 6.5, for the short chain systems = = 60, the stress-strain responses
have similar elastic behavior and yield stress as the other films, while the magnitude of
plateau stresses is between oriented lamellar and homopolymer films. Fingerprint films
have larger toughness and begin to fail at larger strains than those of both oriented lamellar
films and homopolymer films. Moreover, from the observation of the changes in the
morphologies of the fingerprint films, we note that the strain localization is distributed
across the films in the ` = 106 films, and the voids tend to form in the areas near the
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Figure 6.7. Snapshots of orientated lamellar films with different films thickness and
different chain lengths N = 60 (a: ` = 106 and b: ` = 206 ), N = 250 (c: ` = 106
and d: ` = 206 ) at selected strains. The particles are color code by percentage of
deviatoric strain rate í' .

domain boundaries. Crazing is observed at almost every void. However, for the thicker
films ` = 306, crazes form only in certain places in the film along with propagation
afterwards, eventually leading to film failure. The changes in the film thicknesses affect
the toughness of the films but not on the yield stresses, and stress plateaus are observed
across all the film thicknesses. For highly entangled polymer chain = = 250, due to the
size of the systems, we only perform the simulations for the films with ` = 206, and the
morphologies of the films are similar to oriented lamella with disclination defects. The
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mechanical response when the pulling stress is perpendicular to the lamella is similar to
the oriented lamellar films, although these films fail at larger strains, which shows that
existing of the defects make the films be tougher compared to oriented lamellar. Like short
chains, the behaviors of the oriented lamellar films with N = 250 is less ductile compared
to homopolymers when the stress is applied in the direction perpendicular to lamella. We
also note that both fingerprint and oriented lamellar films have smaller yield stress than
that of homopolymer films for = = 250 systems.
To better understand the strain localization process in the block copolymer films,
we collect particle configurations during deformation and extract the local strain rate
associated with each particle í' , which is calculated for each monomer by performing the
best-fit local affine transformation matrix236, constructing the Lagrangian strain tensor, and
extracting the deviatoric components. Particles with large í' values have a higher
deviatoric strain rate in their local environment. In the oriented lamellar films, we measure
the í' based on the particle positions along the direction perpendicular to the domains at
selected strains. As denoted by í' in Figure 6.6 and snapshots in Figure 6.7, we notice that
the plastic rearrangements initially concentrate at the boundary between the two phases of
the lamellae until close to failure where the plastic activity moves to the center of a domain
at all film thicknesses. Similar calculations are also performed in fingerprint films. Since
the morphology of the fingerprint films is not as ordered as the oriented lamellar films,
instead of calculating the particle positions, the films are divided into two regions, where
any pair of type A particles and type B particles within 26 is defined as domain boundary
and the rest of particles are defined as in the center of domains. As shown in Figure 6.8,
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the plastic rearrangements in the domain boundaries are higher than that in the center of
domains at small strains and become smaller in the large strains, which agrees with the

Figure 6. 8. Average deviatoric strain rate í' as a function of strains based on the
position of the particles at different film thickness H = 10 (a) and H = 30 (b) in the films
with fingerprint morphologies with N = 60.
findings in the oriented lamellar films. Even though near the domain boundaries the
average entanglements per chain < Z > is larger than that of the rest areas, the fast dynamics
of the particles at the domain boundaries are the main cause of the strain localization
initially. Those results prove the strain translocation in the block copolymers films and
demonstrate why we observe different mechanical behaviors from the homopolymer films.
In the block copolymer systems, the interactions ´ between different components
play an important role in determining the phase separations and morphologies, which make
us wonder how the mechanics of the films are affected by different ´. To understand the
determination of interaction ´ on the mechanical properties of the films, the interaction
between type A and B monomers -wx is tuned from 0.7 to 0.8 corresponding to a relatively
large reduction in the ´. From the stress strain responses as shown in Figure 7.9, we do not
observe a significant difference between those two systems, which suggests that small
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changes in the -wx do not affect the mechanical response of the glassy block copolymer
systems. Moreover, we count the number of A-B contacts in the fingerprint films with N =
60 (Figure 7.9d), which should be proportional to an effective Flory-Huggins interaction

Figure 6.9. Stress-strain responses with different interactions -wx between type A and
B monomers at film thickness H =10 (a), H = 20 (b) and H =30 (c). The A-B contact
numbers between type A and B monomers are provided in (d) as a function of strain.

energy during the deformation process with different ´. When the strain is small, A-B
contact numbers decrease because of train localization at the domain boundaries, and
segments around the domain boundaries are elongated. Once plastic rearrangements
migrate to the domain centers, contractions occur at the domain boundaries as denoted by
the increase in the A-B contact numbers when the strain become large. Similar trends are
observed at different film thickness and different ´ values.
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Figure 6.10. Toughness Γ as a function of the film thickness for polymers with chain
length of N=60 (a) and N=250 (b) with different morphologies. (c)Normalized
Toughness as a function of effective entanglements for both homopolymers and block
copolymers. Γ, is the homopolymer films with N = 250 and H = 20. Hollow markers
are toughness data of the blend polymer systems from our previous film thickness study
and solid markers are the toughness results from diblock copolymer films. Each color
is corresponding to the film thickness and the morphologies of diblock copolymer films
is indicated by the shape of the markers.
To systemically compare mechanical behaviors across different systems, toughness
of each system, which describes the total amount of energy required to break the films, is
i

23calculated by measuring the areas under stress strain curves, Γ = ∫i3,
6!- , where ε$=0

denotes the ε at which 6 crosses zero. In our previous study, we noticed that toughness
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calculated from simulations can be scaled the same way as the strength of films measured
in experiments. Therefore, toughness is a good metric to provide some qualitatively
insights on the strength of the films. In Figure 6.10, we compared the oriented lamellar
films, fingerprint films and homopolymer films for N=60 simultaneously at different film
thicknesses. As the film thickness is equal to or larger than 206, fingerprint films are
tougher than the rest of the films since fingerprint films have more entanglements per chain
and randomly oriented lamellar domains. When the film thickness is 106, oriented lamellar
films are tougher than homopolymer films due to the exiting of strain plateau regime in the
stress-strain. Furthermore, the toughness of homopolymers and block copolymer films is
compared against the model which describes the toughness measured in simulations or
strength measured experimentally as a function of load-bearing entanglements, proposed
in our previous polydisperse homopolymer studies in Figure 6.10c. The load bearing
entanglements per chains are calculated by removing the chain end nodes and any center
nodes that are coupled with end nodes and it is explained in detail in our previous work.
Despite the inhomogeneity in the entanglement distributions across the block copolymers
thin films, the toughness measured from the fingerprint block copolymers agrees with the
model proposed for the homopolymers. However, the oriented lamellar films deviate from
the model due to the anisotropy of the orientation of the lamellar domains, in that not only
the entanglements but also the alignments of domain boundaries affect the mechanical
properties of the films.
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6.4 Conclusion
In summary, we investigate the role of morphology, specifically orientation, size scale and
positions within a thin film, on the segmental dynamics and inter-chain entanglements with
regards to mechanical response of glassy lamellar diblock copolymer polymer films under
uniaxial tension using molecular dynamics simulations. By analyzing the thickness profiles
of the block copolymer thin films, we notice that there are very large film thickness
perturbations across the thin films, which in turn affects the local segmental dynamics of
the films, due to the strong segregation between each type of domains. Notably, the
perturbations in the film thickness with longer chains is stronger compared to the short
chain systems. In addition, as the polymer chains are close to the domain boundaries, there
is an increase in the number of entanglements along that chain, which makes the overall
average entanglement per chain in the block copolymer systems larger than that of the
homopolymer systems at the same chain length. From the mechanical responses of block
copolymers films with short chains N = 60, the behaviors of films with fingerprint
morphologies are more ductile compared to the oriented lamellar films and homopolymers
and the toughness is also larger, due to the increase in the randomness of the domain
orientation and entanglements per chain. For N = 250 systems, we demonstrate that with
disclination defects in the ordered lamellar films the mechanical responses become more
ductile than the systems without defects. Oriented lamellar films have the smallest
toughness compared to fingerprint and homopolymers since failure tends to occur near the
center of the block copolymer domains due to the high concentration of chain ends that are
unable to support stress. Furthermore, during the deformation in the block copolymers
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films, the plastic rearrangements initially concentrate at the boundary between the two
phases of the lamellae until close to failure, when the plasticity moves to the center of a
domain. Our findings of the glassy block copolymer thin film mechanics provide molecular
insight into how segmental mobility and entanglements interplay with position and
morphology to control the mechanics of thin polymer films and design of mechanicallyrobust, polymer materials to be used in ultra-thin applications.
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CHAPTER 7

Polarizable Polymer Based on Classical Drude

Oscillator via Theoretically Informed Langevin Dynamics
7.1

Introduction

Understanding the spatially heterogeneous dielectric properties in inhomogeneous
materials is important in determining their constituent phases and internal structures. It is
necessary to have the polarization interactions incorporated to accurately capture
microscopic interactions and local dielectric responses from the heterogeneous materials,
such as polyelectrolytes, block copolymers, and ionomers. Owing to the possible uses in
batteries, fuel cells, and mobile devices, these charged materials have drawn substantial
interest during recent decades. For examples, Yan et al. controlled the self-assembled
nanoscale ionic aggregates in single-ion conducting polymers, which is a crucial step
toward exceptional transport properties.237
Previously, most of the computational simulations of charged polymers treat
electrostatic interactions with an oversimplified potential function with a uniform dielectric
constant, even for inhomogeneous systems. As such, many-body polarization effects are
not explicitly considered. Such methods cannot capture phenomena that arise due to the
local dielectric permittivity fluctuations or solvation effects, particularly with multidomain systems with high dielectric contrast. In these systems, electronic polarization has
a substantial impact in both structure and energetic properties. Recently, the feasibility of
incorporating Drude oscillator model into biomolecular systems to provide induced
polarization in computer simulations has been widely investigated.238,239 The classical
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Drude oscillator model approximates induced polarization using a harmonic spring and
attaching an auxiliary particle to each polarizable atom. 240 Roux and coworkers modeled
polarizable systems based on Drude oscillators and demonstrated that self-consistent field
motion of the Drude oscillators can be effectively and reliably simulated by considering
dynamics of an extended Lagrangian while maintaining the polarization variables at low
temperatures.238 Later, in their following work they implemented the Drude oscillators in
the water molecules and demonstrated that the properties of the liquid phase were able to
be reproduced by the essential electrostatics generated from the Drude oscillator model.239
Lin et al. implemented Drude polarizable model in atomic ions and discussed the feasibility
of Drude polarizable force field for biological macromolecules.241
There is a tremendous need not only in biomolecular field but also in polymer
science to address the challenges of incorporating charge-dipole interactions in
inhomogeneous charged materials. In order to capture the interactions between neural
monomers and ions, Wang and coworkers established a field theoretical approach by
integrating dipoles and their orientational dependencies on the local electrical field ¨(*).
In addition, their method naturally adds an ion solvation energy to the Born solvation
model.242 To provide a more realistic representation of real systems, they later added
permanent and induced dipole moment in their theory to describe the systems of liquid
mixtures and demonstrated that local responses of dipole moments affect the solvation
energy of ions. Orland and coworkers also proposed another approach called dipolar
Poisson-Boltzmann (DPB) derived at the mean-field level to describe the ions and dipoles
interactions, where a local electric field dependent dielectric function corresponding to the
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local environment is automatically incorporated.243 This DPB method has been extended
to many different systems from dipolar solvent to poly electrolytes and dipolar block
copolymers.244,245
More recently, by extending Wang’s original mean field approach for heterogenous
charged systems,

242,246,247

Fredrickson and coworkers adopted the Drude distributed

charge model along with mean-field approximation to successfully capture the local
dielectric responses in a broad classes of heterogeneous materials with coarse-grained
particles; their approach generally shows excellent agreement with experiments72–74. Their
method derives a statistical field theory that characterizes spatially dependent dielectric
responses in heterogenous systems, and provides solvation energies that help localize
charges in high-dielectric regions. Furthermore, their approach is capable of automatically
generating attractive van der Waals interactions as described by distinct polarizabilities
(≠w − ≠x )' between two bead types, and local dielectric constant ¨(*) can be naturally
determined by the local bead densities. However, their model is developed based on the
molecularly informed field theory model, where the dynamics of the particles are missing.
As such, the ion conductivity, which is a very important properties for the application in
batteries or fuel cells, of charged systems was not explored.
In this study, we implement a simple polarizable model based on Drude oscillators
along with hybrid particle-field method called theoretically informed Langevin dynamics
(TILD).75,248 Compared to complex Langevin field theoretic simulations (CL-FTSs), the
TILD method can efficiently incorporate the thermal fluctuations and performs well at low
value of C, meanwhile predicting the same fluctuation-enhanced thermodynamic
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properties. In addition, TILD is able to qualitatively capture the dynamics of the particles
among the charged systems, which can be used to track the ion transportation while being
more efficient than traditional particle-based methods. By implementing Langevin
dynamics to sample the dynamic partition functions, TILD is able to update the positions
of each particles using a particle representation while the density fields created by particleto-mesh techniques are used to calculate the nonbonded interactions such as
compressibility, Flory Huggins interaction ´ and electrostatic interactions. Here, by
combining TILD and Drude oscillator model, we investigate the properties of the binary
fluids with induced dipole moments, diblock copolymers with induced dipole moments,
and the feasibility of applying into the ionomers.
7.2

Molecular Dynamics of the Polarizable Systems

7.2.1

Drude Oscillator Model

To model the polarizability ≠ in a single bead, a partial charge Æ is assigned on the bead,
and a mobile massless Drube particle carrying a charge ÆO is connect to it by a harmonic
spring with constant 9O to represent induced polarizability. The net charge of ÆO + Æ is
equal to 0 to preserve the neutral charged systems, although one could easily extend this
model to include particles that are both permanently charged and polarizable. In this model,
the center of mass is on the bead. In response to electrical fields applied externally or
generated internally by the surrounding charged beads, the Drude particle can be displaced
and induce a local polarization on its paired bead. The induced polarizability is typically
estimated as
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ÆO'
≠= .
9O

(7.1)

The interaction between bead and Drude particle is determined by the harmonic bond
1
(O = 9O |*;,? − *O,? |' .
2

(7.2)

The static dielectric constant ¨ of the polarizable systems is deduced from the fluctuations
of the total dipole moment < Ä' > −< Ä >' in the simulation box, where the total dipole
2

7
moment M is defined as Ä = Ø<3&
|Æ|(*<; − *<O ) and =@ is the number of beads with

induced dipole moment, using a Clausius–Mossotti equation249
¨
1
=1+
(< Ä' > −< Ä >' )
¨39x |∞¨, ¨-

(8.3)

Here, ¨- is an implicit dielectric screening constant, which in this work we take as 1.
7.2.2

Simple Fluid Systems with Charges

The derivations of the model closely follow our previous work for TILD methods with
additional electrostatic interactions, which has not been implemented in the TILD model
before to investigate the charge systems. For systems with n polarizable beads, we
implement Wang’s and Fredrickson's approach of Gaussian smeared charges with a
smeared microscopic charge density operator
^
@$ (*)

1

'

= K K Æ?,! m(* − *?,! )

(7.4)

?3& !3'

where index R = 1 (bead) and 2 (paired Drude particle) and
m(*) =

##
/
' .' k.'h # o
(2Ss ) Z
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(7.5)

is a Gaussian smearing function. The value of characteristic range s controls the breadth
of the charge distribution and can be tuned based on the size of the beads. The charge
distribution around coarse-grained beads and Drude particles is defined by the Gaussian
smearing function. With the implementation of Particle-to-mesh (PM) techniques on
charge particles, the electrostatic interactions taken through Coulomb’s law
1
±x ^ z
^
I($W$) (*) = ∫ !*∫ !* z @$ (*)
@ (* ),
2
* − *z $

(7.6)

where ±x = IZ ' /¨ is the Bjerrum length, ¨ is the dielectric constant, and e is the
fundamental unit of charge, which is treated as 1 in this study. The intra-bead and interbead electrostatic interactions, and intra-Drude particle and Drude particle electrostatic
interactions, and the interaction between beads and Drude particles are all taken into
account through Eq. (7.6).
To solve for the electrical potential in the TILD efficiently, the Poisson equation is
solved in the Fourier space using a parallel implementation of Fast Fourier Transforms as
~

@$ (9, J)
9 ' ~(9, J) =
¨,
~

~

(7.7)
^

where @$ (9, J) is the Fourier transform of the continuous charge density field @$ (*)
defined from the particle density using PM techniques that are standard tools for PMEwald
summations in particle-based simulations of charged systems. The electrostatic forces on
each charged particles are calculated in the form of
^

_ ($W$)) (*, J) = −@$ (*, J)≤~(*, J).
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(7.8)

To enforce excluded volume interactions, A Helfand compressibility potential that
penalized density fluctuations away from @, is given by
I()"p! =

≥
^
∫ !*[@(*) − @, ]'
2@,

(7.9)

^

where @(*) is the microscopic density of the beads in the system and ≥ controls the
strength of the density fluctuations away from @, . The total potential energy is the simple
fluid systems is described as
( = (O + ($W$) + ()"p!

(7.10)

The total forces on each particles including Drude particles is computed as
_(*, J) = −≤¥(*, J)

(7.11)

where ¥(*, J) is the particle energy at time t. The total forces consists of nonbond
interactions _ (1;) calculated via compressibility potential defined in eq 7.9, electrical
forces _ ($W$)) (*, J) defined in eq 7.8 and forces from Drude oscillator _ (O) (*, J) =
−9O (*; − *O ). For the forces applied on the Drude particles only excludes the nonbond
interactions _ (1;) , since Drude particles are massless. The motion of each particles is
governed by the overdamped Langevin equation cted,
!*<
(1;)
($W$))
(O)
= ^I/_<
+ _<
+ _< 0 + µ< (J),
!J

(7.12)

where *< is the position of bead k, D is the diffusion coefficient and µ< (J) is Gaussian
white noise with
< µ< (J) >= 0

(7.13)

< µ< (J)µz< (′J) >= 2^Ig<,z< g+,z+

(7.14)
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Similarly, the motions of Drude particles are updated in the same way except the
compressibility component is neglected since the Drude particles are treated as massless.
Finally, the numerical Grønbech-Jensen and Farago (GJF) discretization is implemented to
solve eq 8.12, which leads to stable trajectories and accurate thermodynamic properties
with much larger time steps than an Euler-Maruyama discretization, as shown in our
previous work.250
7.2.3

Polymer Systems with Charges

In the A-B diblock copolymer systems or binary blend polymer systems, discrete Gaussian
chains are used to model polymers with N beads per chain, which are connected via
Gaussian bonds with energy
1 2.&

I(;"1@ = K K
?

\

3|*?,\ − *?,\|& |'
,
2∑ '

(7.15)

where ∑ is the statistical segment length of the polymer and n is the number of chains in
the system. We added Drude particles to one of the components (e.g. A) in the block
copolymers to incorporate the polarizability, where the van der Waals interactions are
naturally included in this component. The electrostatic interactions are the same as
described in previous section. In addition, to model the packing entropy differences
between monomeric components A and B, bare Flory interaction is given by
I(`W"#^ =

´,
^
^
∫ !*@w (*)@x (*)
@,
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(7.16)

and a Helfand compressibility potential is added on all the monomers. The motions of the
polymers are updated the same way as the simple fluid except that the Flory interaction
forces and bond forces need to be added to the force component in eq 7.12.
7.2.4

Ionomer Systems

With this Durde oscillator model, our ultimate goal is to investigate phase separation of the
ionomer of precisely segmented polyethylene-like materials containing sulfonate groups
(PES23) with counterions that were recently characterized by Winey and coworkers.237 In
situ X-ray scattering measurements observed the bicontinuous gyroid structure in singleion conductors when the polymer backbone is amorphous and the polar volume fraction is
around 0.28. Furthermore, they noticed an ionic aggregate morphologies transition from
bicontinuous gyroid structures to hexagonal ionic aggregates as temperature increases.
Those features attract us to fully map the aggregate morphologies of such ionomers by
varying the backbone length and analyze the ionic conductivities under different
circumstances.
To coarse grain PES23 and its counter ions Li+ into discrete Gaussian chain beads
in TILD, we start with multiblock copolymers (A-B-A-B) and attach Drude particles to the
A components. The initial repeat unit length (A-B) are set at =*1?+ = 20 with =w = 5 and
=x = 15 so that the dipole volume fraction is

28 |29
2:;'( |29

= 0.3, where =} = 1 is used to map

the free ions sodium (Na+). The total chain length for each polymer is = = 40. Then, the
dimensionless chain density
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W = #0/ @, /= =

@, ∑ / √=

(7.17)

6√6

is used to map from simulations to the experiments. By varying the degree of
polymerization in discrete Gaussian chain, the density @, of the simulation systems can be
determined based on the W provided from experiments. With this mapping strategy, we
simply treat the PES23 as PE for convenience with statistical segment length of ±? = 0.77
and monomer volume f? = 0.119 nm/ . For a PES23 with only two repeating units, the
molecular weight is 1140 g/mol with a degree of polymerization 20.3, and the experimental
value of C is 1.13, which is used in the simulations to map with the experiments. In the
TILD we set the dimensionless statistical segment length ∑ = 1, the number of discrete
Gaussian beads = = 40 and @, is calculated to be 3.85 ∑ ./ from Eq 7.17,. After

+
-

n

Figure 7.1. Mapping strategy from PES23 to discrete Gaussian chains. The purple beads
with arrows are the polarizable components and the center beads among polarizable
components is assigned a negative charges to mimic SO.
/ and the free cation is used to
mimic Li+. In our simulations, the number of repeating units n is set to be 2.

determining = and calculating @, , the unperturbed radius of gyration #0 in the model can
be used to determine the value of ∑ in nm. Thus, for a 1140 g/mol PE chain with = = 40,
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the statistical segment size is ∑ = 0.6 nm. With value of the statistical segment size in the
real unit, we can convert vacuum Bjerrum length in the dimensionless unit as ~93∑. In this
study, we only provide partial results for the system with dipole volume fraction 0.3 to
demonstrate the feasibility of the model forming the gyroid morphologies.
7.3

Results and Discussion

As demonstrated in the Drude oscillator model, the dielectric permittivity ¨ of the systems
is controlled by the value of polarizability ≠ ' /9. To parameterize the relation between
dielectric permittivity ¨ and polarizability ≠ ' /9, we perform a series of simulations in the
simple fluid systems with different Gaussian smearing size s, which denotes the breath of
the distribution of charge. The dielectric permittivity ¨ is calculated based on the total

Figure 7.2. (a) The dielectric permittivity ¨ as a function of polarizability ≠ ' /9 for
systems with different dipole charge |ÆO | =1.3 (blue) and 1.0 (green) at different
smearing size s = 0.3 (circle), 0.4 (cross) and 0.5 (square). (b) The dielectric
permittivity ¨ as a function of polarizability ≠ ' /9 for both homopolymer systems and
simple fluid systems at different smearing size.
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dipole moment of the polarizable particles as described in Eq 7.3. As shown in Figure 7.2,
the ¨ monotonically increases as the ≠ ' /9 becomes larger for systems with different s.
Notably, when the polarization ≠ ' /9 is fixed, there are dramatic differences in the
dielectric permittivity ¨ for the systems with different Gaussian smearing size s since the
smaller the s, the closer the smear charge particles are to the point charge systems. When
s is small and breath of the charge distribution is small, the electrostatic interaction is
stronger among the charged particles than that of system with large s thus the dielectric
permittivity is also large at the same ≠ ' /9. For example, when the smearing size s = 0.5∑,
we have to double the ≠ to achieve similar ¨ as that in systems with s = 0.3∑. However,
there is a trade off between smearing size and the efficiency of the TILD simulations.
During simulation, we want to keep the smearing size relatively large to keep the efficiency
and still achieve the desired results. In addition, we vary the charge Æ and ÆO on the beads
and Drude particles while maintain the total charge of the systems neutral. As expected,
varying charge Æ does not change the dielectric permittivity ¨ of the systems as long as the
polarizability ≠ ' /9 is constant. Meanwhile, we perform a similar analysis on the
homopolymer systems where the polymer systems have the same density as the simple
fluid systems at chain length is = = 20. Here, similar trends to the simple fluid systems
are observed except that the dielectric permittivity ¨ of polymers is smaller than that of the
simple fluid systems at the same ≠ ' /9. The difference between dielectric permittivity ¨ of
polymers and simple fluid systems is more substantial when the Gaussian smearing size is
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Figure 7. 3. Density profiles in the binary blend polymer systems with dipole moment
added, where @ = 5.6 ∑ ./ , =w = =x = 20, ´, = 6 and ´$PP = 0.02.
s = 0.3∑ . Overall, polarizability ≠ can be tuned to achieve the desired dielectric
permittivity that is comparable to the experimental systems with a chosen smearing size s.
In addition to dielectric response, Drude oscillator model provides polarizabilitygenerated vdW interactions, which contributes to the ´ parameter commonly used in fieldtheoretic simulations. To understand the effective ´$PP induced by the dipole-dipole
interaction, we investigate the two binary blend polymer systems by fixing either the total
density @ or C, respectively. At first, the chain lengths of binary polymers are set to be
=w = =x = 20 to mimic the real systems, where 20 kg/mol polystyrene (PS) is mixed with
20 kg/mol PMMA. Here, we map =w to PS and use the same mapping for N (PMMA) since
PS and PMMA have similar statistical segment lengths (0.5 nm for PS and 0.54 nm for
PMMA).251 Based on the eq 8.17, we can get W = 1.71 and @ = 5.6 ∑ ./ for the simulation
systems. After mapping ∑ to the real units, ±x is derived to be equal to 31.8b. The
polarizability is only applied to type A polymers and is chosen to map the difference of
dielectric permittivity between PS and PMMA, which is around 2. The blend ratio of the
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binary polymers is 0.5. Meanwhile, since we are using the equation of two-phase
coexistence from phase separated systems to estimate the observed
±Q(1/~w − 1)
(7.18)
1 − 2~w
in the systems. The ´$PP generated by dipole-dipole

´=
to extract the total ´ = ´, + ´$PP

interactions is not enough for phase separation with the polarizability ≠ ' /9 in general, so
an additional Flory-Huggins interaction ´, is added.252 Here, we start with an anisotropic
simulations box so that we can easily define the phase separated domains and calculate the
density profiles. Once equilibrium is reached, we measure the concentration profile along
the long dimension of the simulation box in Figure 7.3.
We fit the density profiles by using a tanh function to get ~w in the A-rich domain.
The ´$PP is extracted as (´ − ´, ) based on Eq 7.18 and corresponds to the “extra” ´ added
to the system through the differences in polarizability. When the @ of the systems is fixed
at 5.6 ∑ ./ and the chain lengths, where 1 bead is equal to 1 kg/mol, are varied, we notice

Figure 7.4. Effective ´$PP induced by dipole-dipole interactions as function of chain
length in two systems at different charge smearing sizes: (a) C is held at constant 1.71
(b) total density @ is fixed at 5.6 ∑ ./ .
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that the ´$PP remain constant as shown in Figure 7.4. In contrast, if W is fixed at 1.71,
which means that we always mapping 20 kg/mol PS while the @ keeps changing by varying
the chain length, the ´$PP increases as the chain length increases. Furthermore, different
the charged Gaussian smearing sizes s are compared in Figure 7.4. As we discussed for
the simple fluid systems, smaller smearing size increases the dielectric interactions among
the charged particles and generates larger ´$PP compared to that of larger smearing size.
Next we analyze the diblock copolymer systems. In this part, random-phaseapproximation (RPA) analysis is applied in the disordered state to extract ´$PP .253,254 In
order to facilitate the simulations of ionomer phase separations, the same mapping strategy
as described in previous ionomer systems section is used except that there are no free ions
in block copolymer systems. We assign the block copolymer chain length is = = 20 and
the fraction between polarizable component A and non-polarizable component B as 0.5.
As defined in ionomer systems section, in the block copolymer systems W = 1.13, ±x =

Figure 7.5. RPA fitted ´P?+ as a function of input bare ´, for diblock copolymer
systems with dipole moment and without dipole moment, and binary polymer systems.
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93∑ and the dielectric permittivity difference between A and B is set to be around 2. The
smearing size used here is s = 0.3∑. The smearing size used here is s = 0.3∑.
The RPA fitting provides us with a total ´ we denote as ´P?+ , and this value is
shown as a function of input bare ´, in Figure 7.5. For the non-dipole diblock copolymer
systems, due to the thermal fluctuations in the TILD systems and the mass density smearing,
the fitted ´P?+ is smaller than the input ´, . For the systems with dipoles, since the
embedded vdW interactions are induced by the dipole interactions, the fitted ´P?+ is larger
than those from non-dipole systems. The difference between ´P?+ and ´, is the effective
´$PP induced by the polarizability, which is almost constant with varying input ´, . We
also test that with the binary blend polymers at the same mapping parameters the ´P?+ is
the same as block copolymers. Once the embedded vdW interactions from Drude oscillator
are incorporated in the ionomers, the solvation effect will be taken into account given the
existing of the free ions in the systems.
With the understanding of Drude oscillator model in TILD systems, we simulated
the PES23 ionomers the way described in ionomers system setup section. In the structure
factor S(k) analysis, two characteristic peaks occur at the ratio around 1.155, which is close
to the gyroid peak feature ratios. From the morphology snapshot, where only dipole
components are shown, we notice that there are some gyroid curvatures, even though clear
double gyroid structures are not observed. There are some potential improvements can be
made such as adjusting smearing size, the size of simulation boxes or the polarizability
≠ ' /9 since the dielectric permittivity of PES23 is only roughly approximated.
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Figure 7.6. Structure factor of simulated ionomers with dipole component fraction of
0.3. The snapshot is the aggregation structures of the dipole components.

7.4

Conclusions

We successfully implement the Drude oscillator models into TILD simulations to
incorporate the induced dipole moment in simple fluids, homopolymers and diblock
copolymers. The dielectric permittivity of the systems can be adjusted by changing
polarizability of the dipole component to map to the experiments systems, and the Drude
oscillator models can incorporate the vdW interactions among the polarizable particles,
which embedded effective ´$PP in the systems. However, we still need bare ´, to take
other factors into account (e.g. chain packing), instead of just vdW interactions. In the
preliminary study of ionomers, we observed the potential applications of TILD with Drude
oscillator models in the morphology studies and TILD provides potential opportunities to
investigate the ion conductivity in the charged systems. Compared to other particle-based
simulation methods, the TILD plus Drude oscillator model provides an efficient way to
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achieve equilibrium results for charged systems. In the future, we will vary the fraction of
dipole components to fully map the phase diagram of precisely segmented polyethylenelike materials containing sulfonate groups.
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CHAPTER 8
8.1

Summary and Future Work

Summary

After performing the aforementioned MD simulation studies and comparing simulation
results with experiment studies, we gained a deep understanding of the polymer dynamic
and mechanical properties under confinement.
In the study of polymer melts under porous-like confinement, we demonstrate that
in confined systems, the entangled polymer radius of gyration and the number of polymer
entanglements per chain are reduced compared to the bulk. Due to disentanglement for
confined polymers, we observe enhanced diffusivity of entangled polymers along confined
channels which agrees with our pervious study26. We also analyze the chain relaxation
based on Rouse modes and show separate, competing effects of the changes in the local
friction near the wall and chain disentanglement.
From the study of ring polymers under confinement, we simulate the chain
conformations and dynamics of ring polymers under planar confinement as a function of
film thickness. Our results show that conformations of ring polymers are similar to the
linear polymers under planar confinement, except that ring polymers are less compressed
in the direction normal to the walls. While we find that the correlation hole effect is
enhanced under confinement, it is not as pronounced as the linear polymers under
cylindrical confinement. Finally, we show that chain dynamics far above Tg are primarily
affected by the friction from walls based on monomeric friction coefficient we get from
Rouse mode analysis.
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In the film mechanics study, we first investigate the mechanical response of
bidisperse blend glassy thin films, which allows us to systematically tune the entanglement
density via MD simulations, and we compared our results with experiments. In the MD
simulations, we demonstrate that not all entanglements carry significant load at large
deformation, and we developed a model to describe the number of effective, load-bearing
entanglements per chain as a function of blend ratio. The film strength measured
experimentally, and the simulated film toughness are quantitatively described by the new
model that only accounts for load-bearing entanglements. Through the combined approach
of experiment and simulation, our study successfully quantifies the role of entanglements
in determining the mechanical properties of glassy polymer blends. Furthermore, we
investigate the thickness dependence on the film mechanical responses. When the film
thickness is larger than 206, the results agree well with the model developed previously.
However, when the film thickness is ` = 106, we notice that toughness vs. < E$PP >
exhibits a linear relationship, which is similar to that in the melted systems, rather than the
exponential model proposed previously for the thicker films. In addition, the films of
thickness below 106 are much less ductile than the films of thickness larger than 206 for
both blend and homopolymer thin films, despite the insensitivity of entanglement density
to the thickness of the polymer thin films. Those results demonstrate a competing effect
between free surface and entanglement network, where the free surface interaction
dominates the mechanical behavior when the thickness of the polymer film is less than 106
and the entanglement network plays more important role when the thickness is larger than
206.
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From the block copolymer thin films study, we investigate the role of morphology,
specifically domain orientation, size scale and positions within a thin film, in the segmental
dynamics and inter-chain entanglements with regards to mechanical response of glassy
lamellar diblock copolymer polymer films under uniaxial tension using molecular
dynamics simulations. We observe strong perturbations in the film thickness that affect the
local segmental dynamics of the films due to the strong segregation between each type of
domains and inhomogeneous entanglement distributions. The films with fingerprint
morphologies are more ductile compared to the oriented lamellar films and homopolymers
and the toughness is also larger, due to the increase in the randomness of the domain
orientation and entanglements per chain. We also demonstrate that with disclination defects
in the ordered lamellar films the mechanical responses become more ductile than the
systems without defects. Oriented lamellar films have the smallest toughness compared to
fingerprint and homopolymers since failure tends to occur near the center of the block
copolymer domains due to the high concentration of chain ends that are unable to support
stress.
Lastly, we successfully implement the Drude oscillator models in the TILD to
incorporate the induced dipole moment in simple fluids, homopolymers and diblock
copolymers. The dielectric permittivity of the systems can be adjusted by changing
polarizability of the dipole component to be mapped to the experiments systems, and the
Drude oscillator models can incorporate the vdW interactions among the polarizable
particles, which embedded effective ´$PP in the systems. With this method, we can extend
our study into various charged systems that cannot be explored by atomistic simulations.
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8.2

Future work

From our ring polymer work, we provide detailed behaviors of confined unknotted ring
polymers, which are distinct from linear polymers in both dynamic and static properties,
and our study demonstrates a stronger correlation hole effect once under confinement.
These findings provide insights for understanding the confinement effect on the polymers
with different configurations. In the future, we can potentially mix ring and linear polymers
together to manipulate the behavior of the confined polymer mixtures. Another topic of
interest regarding ring polymers is the investigation of properties on the knotted ring
polymers, given the topological constraints induced by the polymer itself facilitate the
study on the influence of molecular topology on the polymer properties.
In the mechanical studies of glassy blend polymer films, we successfully
demonstrate the relationship between load-bearing entanglements and the film strength
measured experimentally as well as the film toughness simulated. However, this
relationship is discovered in the glassy states, and it would be interesting to investigate the
effect of entanglements on mechanical behaviors in melted states since the dynamics from
melts are very different from those in glassy polymers. In addition, as entanglements can
vary in different chain architecture such as stars and rings, chain structures can play an
important role in determining the mechanical properties of the thin films as well. It is also
valuable to check the applicability of our model in films with different chain architecture,

154

especially for ring polymers with no chain ends where some modifications on our model
may be required to describe the behaviors of rings.
From the mechanical studies of glassy block copolymer thin films, we confirmed
that different morphology of the block copolymers has an impact on the mechanical
behaviors by altering the entanglements distribution and inducing inhomogeneity in the
particle dynamics across the films. In our studies, those different morphologies are
generated from lamellar block copolymer at a fixed composition. It would be interesting to
alter the compositions of block copolymer and construct the different morphologies, such
as gyroid, cylindrical, etc., to further understand the relationship between various
morphologies from different compositions and the mechanical responses of the films. For
example, with the bicontinuous structures of the gyroid morphology, the fully connected
domains can potentially increase the stability of the films compared to that with lamellar
morphology. In addition, to expand the knowledge related to local entanglement density
and segmental dynamics changes within a specific domain, unentangled homopolymer can
be added into a particular domain to decouple entanglement effects from changes in
mobility, which may occur with an increase in number of chain ends associated with
smaller molecules. Lastly, block copolymers with glassy and rubbery domains have
attracted a lot of attentions recently; however, most of the studies were performed in terms
of bulk mechanical properties, and ultrathin-films can exhibit different behaviors compared
to the bulk due to high mobility particles of the free surfaces. The contrast observed
between rubbery and glassy domains provides an opportunity to address the role of position
of molecular segments with higher and lower mobility within the same film.
155

For charged systems, with the method developed from the polarizable polymer
study, the phase diagram of precisely segmented polyethylene-like materials containing
sulfonate groups can be mapped by varying the fraction of dipole components in the near
future. Also, it is valuable to implement our TILD method, which can accurately adapt to
the local electric responses and arrived at equilibrium efficiently, to study the aggregation
of various ionomers with or without solvents for the potential application in the batteries
and fuel cells.
Another interesting topic would be to study the formation of complex coacervates by
mixing the positive charged polyelectrolytes grafted nanoparticles with the negatively
charged polyelectrolytes in the solvent of different polarities since most of the previous
studies did not take nanoparticles into account. Since a variety of mature and emerging
technologies depend critically on the association of oppositely charged polymers or
particles, our TILD method can provide a great platform to study numerous systems
involving charges.
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APPENDIX A

Profile reconstruction of hetero-nanostructures using dynamical
theoryand small angle neutron scattering
A.1

Introduction

The evolution of miniaturized devices with advanced properties and high performance
has increased demand for the fabrication of nanostructured materials with the required
functionality255,256. With advances in nanomanufacturing257, nanostructured materials
have revolutionized various technological applications, from wearable electronics258
and lab-on-chip devices259 to photonics260,261, solar cells262, and tissue engineering
scaffolds263. Commercialization of such technologies necessitates exploration of lower
cost, higher throughput, and higher resolution approaches to fabricate the desired
nanostructures. In applications such as microelectronic devices, ultra-dense data
storage media, and chip-based sensors264–269, repeating (or periodic) nanopatterns are
requisite for device performance, signal amplification, or sensingproperties. Among
nanolithography techniques capable of delivering periodic nanostructures, optical
lithography has been heavily utilized in many applications, and its derivative
procedures allow accurate fabrication of structures down to ∼ 30 nm. Another
technique, developed in 1995270, that made massive production of nanostructures
possible is nanoimprint lithography (NIL), which enabled fast fabrication of
nanopatterns at a large scale in less than 250 ns and with structural resolution better
than 10 nm. 271
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Due to the continuous decrease in feature sizes, the precise characterization of
critical feature dimensions and the quality control of those features has become
increasingly challenging, yet increasingly necessary for optimizing the nanoscale
design of the fabricated structures and their intended performance. While conventional
direct-detection metrology methods, such as optical microscopy, scanning electron
microscopy (SEM) and atomic force microscopy (AFM) 272–275, have played a central
role in the characterization and design improvements of nanostructured materials,
all of these methods have limitations that are exacerbated at smaller length scales. For
instance, optical microscopy can exhibit incredible angstrom-level resolution276,277,
but it requires transparent or very thin samples to avoid diffraction effects. On the
other hand, SEM harnesses the smaller de Broglie wavelength of electrons for
improved nanopattern detection; however, the characterization of buried or layered
structures necessitates sample dissection for cross-sectional imaging.278 Similarly,
advances in AFM have enabled the characterization of nanomaterials with atomic
resolution279, but the inherent topographic design of AFM poses major limitations to
the characterization of beneath- surface structures. It is important to note that
microscopy methods also suffer from area/volume sampling limitations, due to the
localized nature of the scanning range (few microns), which could result in the
determination of material features that arenot representative of the sample as a whole.
These limitations encourage alternate approaches that enable high-resolution, bulk
structural characterization of nanomaterials, with non-invasive access to in-depth
features. Among techniques that can provide these capabilities are X-ray and neutron
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scattering based methods.280
Continuous improvements in X-ray and neutron scattering techniques, along
with advances in fast detector designs, have enabled sub-nanometer characterization
ofnanomaterials with complex structures. For materials with nanostructured surfaces,
surface X-ray and neutron scattering techniques, primarily reflectometry methods,
have been widely used on a variety of samples for different types of applications281–
285

. Other approaches include grazing- incidence small-angle X-ray scattering

(GISAXS), which was initially proposed by Cohen et al. to study thin films286 and has
been widely applied as a suitable metrology for substrates with nanostructured
surfaces287–289. However, scattering approaches have also utilized X-ray and neutron
transmission-mode measurements to interrogate nanos- tructured substrates with deep
features290–292. For example, critical-dimension small-angle X-ray scattering (CD
SAXS)293–295 employed substrate rotation around an axis normal to the incident beam
to probe the out-of-plane sample profile. Sunday et al.294 effectively utilized CD SAXS
with spacer-assisted quadruple patterning (SAQP) to determine the shape of and
spacing between line gratings. In another study, Hannon et al.296 used a genetic
algorithm to accurately reconstruct the trapezoidal shapes of linear periodic
nanostruc tures in the form of a grating surface. In a more recent study, Freychet et
al.297 combined the GISAXS and CD SAXS approaches into a new critical-dimension
grazing-incidence small-angle X-ray scattering (CD GISAXS) approach, which
involves continuous azimuthal rotation of the sample in the course of the
measurement, resulting in significantly reduced data-acquisition times. Their
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approach was validated on linear gratings with nanoscale features. By further
developing a genetic algorithm, based on a distorted wave-Born approximation
(DWBA)298,299, they were able to efficiently reconstruct the line profiles of the
studied gratings.
Here, we show that a similar approach, using small-angle neutron scattering (SANS),
can be effectively used to probe periodic hetero-nanostructured surfaces, when
combined with an exact theoretical model. This approach has the inherent
advantage of isotope sensitivity and contrast variation, unique to neutron scattering
methods. Thefundamental mechanistic difference between SANS and SAXS is that
neutrons inter- act with atomic nuclei while X-rays interact with electron clouds300.
This directly impacts the ability to resolve heterostructures with layered features
made oflight materials, e.g. hydrogen-rich materials, which are weakly detected by
X-rays but have considerable neutron scattering cross-sections301. The isotope
sensitivity of neutrons also enables the use of SANS-based approaches for
contrast-variation studies by isotope substitution (e.g. deuterium for hydrogen
replacement) for accurate determination of critical sample dimensions. The ability
to detect light elements (e.g. 2H) in the presence of heavier elements (e.g.

14

Si) is

particularly important in nanostructured substrates with soft coatings such as
polymer or hydrogel layers. In this study, however, we focus on gratings with a surface
coating formed by atomic layer deposition (ALD), though we note the possibility of
polymeror soft material coatings for future studies.
To extract the periodic line profile of a coated grating surface, we utilized a
dynamical theory (DT) model to fit the SANS signals obtained from normal
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incidence mea- surements. Unlike approximate theories, e.g. Born approximation
and DWBA appli cable to weak scattering signals, dynamical scattering theory is
an exact theoretical framework for modeling and interpreting strong offspecular
signals from periodic struc- tures. The DT model has been validated by Ashkar et
al.292,302,303 to accurately capture the details of neutron reflection and transmission
signals on gratings with different profiles, and was reliably used to analyze and
interpret the SANS data in the present study. In this work, we combine the DT model
with a covariance matrix adaptation evolution strategy (CMA-ES) for data fitting.
This involves continuously iterating the geometric features of the grating to fit the
1-dimensional sector averaged SANS signals to the analogous intensity patterns
predicted by the DT model.
A.2

Materials and Methods

A.2.1 Sample Preparation
Nanostructured grating templates, using silica substrates, were fabricated at
IBM Research - Almaden (by Dr. Daniel Sanders group) using a combination of 248
nm lithography and atomic layer deposition (ALD). The resultant gratings
consisted of silica templates with submicron linear channels coated in a layer of
alumina covering a 22 mm × 22 mm area. Notably, the neutron scattering length
densities (SLDs) for alumina and silica are 3.95 ×10−4 nm−1 and 3.5 ×10−4 nm−1,
respectively. We note that the ALD of the alumina coating yields a coating density
that is lower than the bulk density of alumina. The structure of the underlying silica
channels was analyzed from a grating cross section using scanning electron
microscopy (SEM) and indicated a period d ∼ 400 nm, a channel depth h ∼ 340 nm,
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and a channel width of ∼ 175 nm. These silica channels are covered by an alumina
layer with a thickness of ∼ 65 nm, so that the hetero- nanostructured grating has a
channel depth of ∼ 400 nm and a channel width of ∼ 45 nm. As shown in the cross-

Figure A. 1 SEM image of the grating (manufactured at IBM Almaden) indicating
a hetero nanostructured profile with the annotated structural parameters,
including a period of 400 nm, a groove depth of ∼340 nm, a groove width of 175
nm, and alumina thickness of 65 nm.

sectional SEM image (Figure. A.1), the channel walls are slightly tilted, which makes
the outmost channel profile trapezoidal rather than rectangular. Additionally, due
to the ALD coating, the top edge of the channel is rounded. SEM captures the main
structural parameters of the grating but provides low-resolution information on the
alumina and silica profiles. This preliminary structural characterization will be used
as a reference for validating the structural parameters extracted from DT fits of the
SANS signals obtained on the same grating.
A.2.2 SANS Experiment
Small-angle neutron scattering (SANS) measurements were conducted on the NGB 30
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m SANS beamline at the Center for High-Resolution Neutron Scattering (CHRNS) at
the National Institute of Standards and Technology (NIST). The gratings were
measured at sample-to-detector distances of 4 m and 13 m with a wave length of
0.6A" to access a q-range of 0.0035 ~ 0.02 A"

.&

and 0.007 ~ 0.01 A"

.&

, respectively.

The overlap in the accessible q-range provides a good comparison of the DT model
to the resultant scattering signals at two different q-settings. The measurements
were performed with a normal incidence geometry such that the incident neutron
beam was normal to the grating surface (the x-y plane in Figure. A.2) using a circular
sample aperture with a diameter of 12.7 mm

Figure A.2. Schematic of the SANS geometry showing normal incidence of the
incoming neutron beam and subsequent scattering of the transmitted beam into
Bragg beams, spatially separated in the direction perpendicular to the grating lines.

SANS data were collected on a single template for 1-3 hours, depending on the detector
distance. Samples were measured under vacuum to reduce the background scattering.
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The scattering pattern in Figure. A.3C shows the expected anisotropic scattering
signals from aligned structures. In other words, the 1-dimensional (1D) structure
of the linear grating used in this work causes the transmitted beam to scatter in a
direction perpendicular to the grating lines. In addition, the periodicity of the grating
focuses the scattered intensity onto Bragg beams, with quantized angular dispersion.
This results in a 1D SANS signal with intense spots at the positions where the Bragg
beams impinge on the detector, as seen in Figure. A.2. If the gratings were perfectly
aligned in the vertical direction, the obtained signal would beλ perfectly horizontal
(x direction). However, our measurements show a small angular rotation of the
signals relative to the horizontal, indicating a small degree of misalignment of the
grating lines with the y-direction. This is accounted for by reducing the SANS in
the direction paralleland perpendicular to the obtained signals. Specifically, the 2D
scattering patterns from the template were reduced using 20◦ sector averages
perpendicular and parallel to the channel directions. The reduced data are
represented as normalized scattering intensity patterns as a function of the
wavevector transfer given Æ =

r~-?1s
•

,where ª is the neutron wavelength and 2á is

the scattering angle relative to the incident beam. The data reduction and
normalization was done using the SANS data reduction and analysis software
developed by the NIST Center for Neutron Research (NCNR)304. The same sector
averages were calculated in the DT model for direct comparison between the
experimental and modeled scattering patterns during the fitting process.
A.2.3 Dynamical Theory model
The dynamical theory (DT) model used in this work was developed by Ashkar et al.302 for
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the interpretation of neutron scattering signals from periodic nanostructures such as linear
gratings. The DT model is based on the wave representation of neutrons and solving the
Schrödinger equation to the neutron wavefunction in the different parts of the sample. The
model assumes a 3D plane-wave description of the incident, reflected, and transmitted
neutron wavefunctions and a Bloch wave expansion of the wavefunction in the periodic
part of the sample, i.e. within the grating channels. This is a direct consequence of the
periodic scattering potential that neutrons experience in the nanostructured layer. For
neutrons, the scattering potential is directly proportional to the difference in the scattering
length density (SLD) of the materials. One can see that the repeating structures in the
modulated layer of the grating result in a periodic scattering potential, much like the one
experienced by electrons in crystals305, thus validating the use of a Bloch wave description
of the wavefunction. To calculate the reflected and transmitted coefficients used in the
expressions of the wavefunctions in each of the assumed layers, the model utilizes
boundary conditions at the interfaces between adjacent layers. These boundary conditions
ensure the continuity of the neutron wavefunction and its derivative at each interface. In
addition, the model assumes conservation of neutron energy and momentum - an adequate
condition for elastic scattering, such as the SANS measurements used in this work.
Since the DT model closely depends on the layer description of the studied samples,
how these layers are defined is an important step of building the model. For example, for
rectangular grating profiles, with no in-depth variation of the material SLD, it is sufficient
to treat the nanostructured layer of the grating as a single layer, in which case the boundary
conditions are applied at the two adjacent interfaces with air and the substrate302,303.
However, for nonrectangular or layered profiles, the structured domains should be divided
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into thinner slices in which the material SLD is adequately approximated by a rectangular
profile or a sum of rectangular profiles. Hence, a thin-slicing approach of the structured
layer, referred to as Parratt formalism306, is necessary to account for in-depth variation in
the grating profile or changes in the material SLD303. In such scenarios, the aforementioned
boundary conditions should be applied at every interface between the slices, in addition to
the air and substrate interfaces. This procedure provides robust results both in reflection
and transmission calculations. When the wavefunctions are expressed in a form that does
not include exponentially growing terms generally associated with mathematical
instabilities.302
Here, we separated the grating into three primary layers, namely layer 1: an
alumina-air layer representing the top coating layer of the grating lines, layer 2: a silicaalumina-air layer representing the grating lines with alumina side-coating, and layer 3: a
silica-alumina layer representing the alumina coating at the bottom of the grating channels.
In addition, we assume an infinitely-thick homogeneous silica layer beneath layer 3 to
resemble the substrate (see Figure A.3). We further divide layers 1-3 into several slices
with rectangular profiles. The widths and thicknesses of these slices vary between the
different layers and depends on the number of slices considered (Figure A.3). These
variables are updated by the covariance matrix adaptation evolution strategy (CMA-ES)
during each iteration of the fitting analysis. We note that thinner slices more accurately
model the grating profile obtained by SEM. However, to balance the degree of accuracy
and the computational time, we examined three different scenarios with respect to the
number of slices in each layer of Figure A.3A: Scenario Ι which consists of one slice in
each layer; Scenario ΙΙ with two slices in layer 1, three slices in layer 2 and one slice in
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layer 3; and Scenario ΙΙΙ with four slices in each of layers 1 and 2, and one slice in the third
layer.
The only fixed parameters in the calculation were the neutron SLDs of the different
materials used in the grating fabrication set to @Ä?Å# = 3.5 × 10.r nm.' , @wW# Å< =
3.95 × 10.r nm.' (calculated based on the actual alumina and silica density in the
template). For completeness, we assume that @h?# = 0.0 × 10.r nm.' . The incident angle
of the neutron beam in the DT calculation is set to 90° ± 0.55° (approximately along -z in
Figure 4.2) and the neutron wavelength distribution is described by triangular distribution
with a mean of 0.069 nm and a full width at half max (FWHM) of 0.069 nm, as calculated
from the aperture geometry of the SANS instrument used in this study. Similarly, the
azimuthal angle ranges from 0° to 180° to calculate half the scattering pattern that is
subsequently mirrored to produce the full pattern. In addition, the modeled detector
distances are the same as the experiment detector distances.
Here, we note that the normal incidence geometry in the present SANS study results
in very weak reflected signals as the beam is predominantly transmitted through the
sample. Therefore, we have modified the wavefunction expressions in the original DT
model by

167

(A)

(C)

(B)

(D)

Figure A.3. (A) Cross-sectional sketch of the grating profile, as rendered from the
SEM characterization, showing the 3 primary layers of the grating labeled as layers
1, 2, and 3 as described in the text. (B) Thin-sliced profile of the same grating
profile in panel A with 9 slices, i.e. four slices in each of layer 1, 2 and one slice
in layer 3, defined as scenario III in the text. The red color corresponds to the
alumina layer and the blue area corresponds to the silica base. (C) 2D detector
image of theSANS signal measured on the template in Figure 1. (D) 2D scattering
pattern as calculated from the dynamical theory model, using the same scattering
geometry of the SANS experiment. In both panels, C and D, Æ] is the wavevector
transfer in the horizontal direction, i.e. perpendicular to the grating lines and Æ^ is
the wavevector transfer in the vertical direction, i.e. parallel to grating lines
following the same coordinate system representation in Figure A.2. Ashkar et al to
168

only include transmission coefficients, while maintaining all conservation conditions and
boundary conditions.302 This allows for faster calculations during the optimization process
of the data fitting procedure. Further, for simulating the SANS signals (Figure 4.3D), we
performed the DT calculations with 10,000 neutrons and 61 Bragg order (i.e. -30 ≤ 8 ≤
30) to ensure convergence.
4.2.4

Covariance Matrix Adaptation Evolution Strategy
Covariance matrix adaptation evolution strategy (CMA-ES) is a stochastic

numerical optimization algorithm for non-linear non-convex black-box continuous
optimization problems. CMA-ES is programmed in Python, and the open-source package
can be found in GitHub-CMA-ES/pycma307 . In this work, a Python-based execution script
was used to simultaneously extract DT calculations programmed in C++ and employ the
CMA-ES package for the fitting process. All of our code is available in our GitHub
repository(https://github.com/zhangtr10/SANSDT). CMA-ES is a powerful tool that
accelerates the optimization process to solve for the best-fits to the structural features. In
each iteration, a population of new candidate solutions is generated by sampling a
multivariate normal distribution of the current parental variables, and some solutions are
selected based on the merit function (defined below), to be the parental variables for the
next iteration. The variables updated by the CMA-ES algorithm were the width and depth
of slices in each layer, as well as the total thickness of layers 1 and 3. The initial inputs for
those variables are based on their estimated values from SEM cross-sectional imaging.
Nevertheless, we note that even in the absence of an SEM image, or an informed guess of
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the starting parameters, the fitting time was not significantly affected, and the CMA-ES
algorithm was able to quickly locate the structural parameters in a small range of values.
Throughout the optimization process, the variance is initially set to a low threshold,
i.e. within ~ 20 nm in order to allow a sufficient degree of randomness. In each iteration of
the CMA-ES algorithm, a set of parallel DT calculations were executed. In this work, this
is set to 20 iterations, but can be increased for more complex structures. All the calculation
results were directly compared with the SANS normalized intensity patterns to find the
best-fit variables to be used for the sampling and input selection for the next iteration. In
comparing the DT calculations and the SANS data, we set a merit function to describe the
degree of convergence:
_p$#?+

∫[Ω? (æ ) − Ω+h#0$+ (æ )]' !æ
=
∫[Ω+h#0$+ (æ)]' !æ

(A.1)

where Ω+h#0$+ is the intensity function derived from SANS and Ω? is the analogous
intensity calculated using the DT model from each iteration. A smaller value of the merit
function indicates a better fit. Over many generations, variables corresponding to smaller
_p$#?+ values are generated until one set of results satisfies _p$#?+ < 0.0003 (the deviation
is less than 0.03% to the target). More importantly, each iteration included simultaneous
fits of the DT calculated signals to the SANS data collected with two sample-to-detector
distances, as described in the details of the SANS experiments.
A.3

Results and Discussion

To demonstrate the efficacy of the optimization process, we show in Figure A.4 the merit
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function, _p$#?+ , in terms of the number of iterations for the three scenarios of the grating
profile; i.e. with three, six, and nine slices, as described earlier. As can be seen in Figure
A.4, _p$#?+ drops below 0.001 very quickly even for the nine-slice model (scenario ΙΙΙ)

Figure A. 4. The merit function, _p$#?+ , shows a quick decay as a function of the
number of iterations for all thin-slicing scenarios considered in this study,
indicating efficient optimization of the fit parameters through consecutive
iterations.

which contains twenty-seven variables. This indicates that the CMA-ES optimization
algorithm efficiently narrows the parameter range to values representing the actual
structural features of the grating after only a few iterations.
As expected, the number of iterations to reach convergence depends on the number of fit
parameters in the DT model. We found that both the three-slice and nine-slice models,
defined by scenario Ι and ΙΙΙ respectively, reached the convergence criteria of _p$#?+ <
0.0003 within 50 iterations, indicating an efficient optimization protocol. The six-slice
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(E)
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Figure A.5. The figures on the left are 1D normalized SANS intensity versus q
calculated from 2D scattering patterns (circles and squares correspond to sample-todetector distances of 13 m and 4 m, respectively). Data are shifted vertically to
separate 13 m and 4 m SANS profiles for easier visualization. The dashed lines
correspond to the analogous scattering intensity patterns calculated from the DT
model forthe three-, six- and nine-slice scenarios. The figures on the right are grating
profiles obtained from the DT fits for different scenarios using the CMA-ES
optimizationapproach. The depicted profiles correspond to the best fit values satisfying
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the merit criterion, _p$#?+ < 0.0003. The blue line indicates the profile of the alumina
coating and the red line depicts that of underlying silica grating.

model (scenario ΙΙ) has fewer degrees of freedom compared to the nine-slice model that
may contribute to its non-convergence within a reasonable amount of computational time.
We note that for the three-slice model, even though it converges well, the grating profile
generated is unrealistic, as shown in Figure A.5B, where the upper section is narrower than
the bottom (discussed in detail in the later section). When we set a condition to ensure that
the top is wider than the bottom while the CMA-ES updates those parameters, the threelayer model could not reach convergence independent of how many iterations we ran. The
computational time lengths for each iteration from our computing resources are on the
order of 10 minutes for the three-slice model, 60 minutes for the six-slice model, and 120
minutes for the nine-slice model.
We then compared the DT calculation and experimental results from the fits with
the smallest _p$#?+ value. The comparison of the best DT fits to the SANS signals are
shown in Figure A.5 for the three thin-slicing scenarios, along with the obtained grating
profile (shown here for one unit-cell). Note that the fits of the DT model to the normalized
SANS intensity were performed on data sets from the two sample-to-detector distance
settings used in the experiment. We observe that for the three-slice model, the fitted
scattering intensity traces the SANS data, but the channel profile obtained from the
optimization, i.e. a narrower channel at the top is in stark contrast with the grating profile
measured by SEM.
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In comparison, the six-slice model did not result in a satisfactory fit to the SANS
data, particularly at !~0.008 Å

!"

for the sample-to-detector distance of 13 m.

Correspondingly, the fitting protocol was unable to reach convergence within a reasonable
amount of computational time. This model also yielded a grating profile where the
underlying silica structures did not match the profile information obtained from the SEM
image, as its bottom is slightly wider, and the coated layer of alumina in that area is too
thick (~ 90 nm).
On the other hand, the nine-slice model yielded the best fit to the SANS data, as
shown in Figure A.5E. The DT fits at both detector settings overlap almost completely with
the SANS data, and the generated grating profile is in very good agreement with the profile
obtained from SEM. The DT-calculated profile shows a wider channel structure towards
the top surface, and the walls of the silica lines are slightly tilted making the underlying
silica grating somewhat trapezoidal in shape, in agreement with observations from SEM.
4.4

Conclusion

In summary, this work presents a combined experimental-theoretical approach for
reconstructing the profile of a coated line grating using small-angle neutron scattering
(SANS) and a dynamical theory (DT) model. In this model, we used a multi-slice strategy
for the fitting process and examined different scenarios by dividing the whole layer into
slices and altering the number of slices per layer. We compared the results of different
scenarios by analyzing computational convergence time and validated the reconstructed
profiles by comparing them with cross-sectional SEM image on the studied grating. We
observed that the scenario with the highest number of slices (total of nine slices) was the
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most adequate in recreating the line profile of the grating while maintaining a reasonable
computational convergence time. The two other examined scenarios consisted of smaller
numbers of slices (three and six slices) and did not yield satisfactory grating profiles or
acceptable convergence times.
Using the CMA-ES optimization algorithm and automatically adjusting the
structural parameters of the modeled profiles, we achieved a good fit between the SANS
experimental results and DT calculations, allowing the profile reconstruction of a layered
nanostructured grating. While the present fits considered a maximum of 9 slices in the DT
model, dividing the profile into more layers or slices will further increase the accuracy of
the fitted profiles. For instance, the accuracy of the applied algorithm can be increased by
including more structural parameters, such as layer thickness, rather than just considering
variations in the width and the thickness of the coated layer.
The combined SANS-DT approach described in this work can be applied to
periodic structures of any shape by considering an adequate thin slicing approach that
allows enough fit parameters to describe the details of the measured profile. This approach
can also be used for the characterization of matter, e.g. polymer or colloids, within the
confinement of the grating channels. Considering current computational power, the
computational time for convergence is not a concern; nevertheless, this algorithm can be
more time-efficient by adding conditional terms to the geometrical parameters based on
complementary information from other characterization methods when available. To
industrialize this approach, the fitting procedure will need to successfully operate with
minimal conditional terms, for example using initial manufacturer parameters, and is the
target of our future work.
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APPENDIX B

Supporting Information for Chapter 3
B.1

Center of Mass Mean Square Displacement

Figure B.1. In plane center of mass mean square displacement of ring polymers with N=50.

Figure B.2. In plane center of mass mean square displacement of ring polymers with
N=100.
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Figure B.3. In plane center of mass mean square displacement of ring polymers with
N=200.

Figure B.4. In plane center of mass mean square displacement of ring polymers with
N=350.
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B.2

Intermediate Scattering Function ## $%$% , '(

Figure B.5. The intermediate scattering function )& $*'( , +( calculated using wave vectors
in the plane of the film with |*| = 7.11 !" . The labels correspond to the distance to the
wall and the data is for the ring polymer system with N=50 and H= 101.

Figure B.6. The intermediate scattering function )& $*'( , +( calculated using wave vectors
in the plane of the film with |*| = 7.11 !" . The labels correspond to the distance to the
wall and the data is for the ring polymer system with N=350 and H= 101.
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APPENDIX C

Supporting Information for Chapter 5
C.1

Distribution of average bond stress

Figure C.1. Distributions of bond stress are summarized based on average bond stress in
each primitive path at two individual strains from the blend of N = 250 and N = 30 at 4 =
0.50.
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C.2

Bond stress on each monomer

Figure C.2. Average bond stress as a function of strain based on the monomer index for
two individual blend systems (A) N = 250 and (B) N = 30 at 4 = 0.50, and (C) N = 250
and (D) N = 60 at 4 = 0.50. The monomer index is labeled by the position along the
chains starting from the chain ends (0 is the chain end monomer). In each system, a
separate presentation for two molecular weights is provided. The black line in each figure
is roughly corresponding to the position of the end entanglement.

180

C.3

Bond properties during deformation

Figure C. 3. (A) Bond length distribution in the log scale during the deformation for
homopolymer systems N = 250 and H = 20. (B) Bond energy distribution in the log scale.
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APPENDIX D

Supporting Information for Chapter 6
Table D.1. Composition of the blend polymers at different thickness.
Film
thickness

Composition

H=10

100% N=250
100% N=60
100% N=30
85% N=250, 25%N=30
50% N=250, 50%N=30
25% N=250, 75%N=30

H=20

100% N=250
100% N=60
100% N=30
100% N=10
85% N=250, 25%N=30
50% N=250, 50%N=30
25% N=250, 75%N=30
85% N=250, 25%N=60
50% N=250, 50%N=60
25% N=250, 75%N=60
80% N=250, 20%N=10
50% N=250, 50%N=10

H=30

100% N=250
100% N=60
100% N=30
85% N=250, 25%N=30
50% N=250, 50%N=30
25% N=250, 75%N=30
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Figure D.2. Uniaxial deformation true stress-strain responses of homopolymer thin films 5 =
)

60 at temperature ) = 0.71. The embedding small plots are the stress-strain responses at early
!

strains.

Figure D.3. Uniaxial deformation stress-strain response of blended polymer thin films with
mixture of 5 = 250 and 5 = 60 at temperature

)
)!

= 0.71 and film thickness 9 = 201 . 4

corresponds to the monomer-based percentage of 5 = 250 in the mixture, and the insets
highlight the early strain response.
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Figure D.4. Uniaxial deformation stress-strain response of blended polymer thin films
with mixture of 5 = 250 and 5 = 30 at temperature

)
)!

= 0.71 and film thickness 9 =

101(<), 201(>), 301(?) . 4 corresponds to the monomer-based percentage of 5 =
250 in the mixture, and the insets highlight the early strain response.

N=250, H=30

N=30, H=30

99.9%

J2

0.0%

20%

50%

70%

80%

90%

10%

60%

100%

140%

180%

Figure D.5. Snapshots of 5 = 30 homopolymer films (on the left), and N = 250
homopolymer films (on the right) with film thickness of 9 = 301 at different strains
during deformation. The particles are color code by percentile of deviatoric strain rate
@* .
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∅ = 50%

99.9%

J2

0.0%

10%

60%

80%

100%

140%

Figure D.6. Snapshots of blend polymer films with diluent N= 30 at 50% of N= 250
duringdeformation and the film thickness is hold at 9 = 201. The particles are color
code by percentage of deviatoric strain rate @* .
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